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The  objective  of  this  research  was  to  develop  a silicon  nitride  composite  with 
toughness  and  damage  tolerance  sufficient  for  use  in  applications  which  require 
controlled  failure  behavior.  The  technical  approach  formed  a laminate  composite 
material  using  alternating  silicon  nitride-metallic  layers.  The  number  of  metallic  layers 
used  in  the  composite  was  one  fewer  than  the  number  of  silicon  nitride  layers,  resulting 
in  both  outer  layers  being  silicon  nitride.  Such  a configuration  enables  the  outer 
surfaces  of  the  composite  material  to  take  advantage  of  the  greater  wear  resistance, 
chemical  stability,  and  thermal  stability  exhibited  by  silicon  nitride  relative  to  the 
metallic  material.  The  metallic  layers  arrested  any  cracks  in  the  outer  layers,  thus 
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producing  a toughened  silicon  nitride  and  avoiding  the  normal  fast-fracture  behavior  of 
monolithic  silicon  nitride. 

Four  different  silicon  nitride-metallic  material  combinations  were  examined. 
The  metallic  materials  explored  were  (1)  chromium,  (2)  titanium,  (3)  molybdenum,  and 
(4)  tantalum.  The  various  material  combinations  resulted  in  composites  with  different 
mechanical  properties.  Three  different  mechanisms  for  increasing  the  toughness  and 
damage  tolerance  of  silicon  nitride  were  examined  by  forming  laminate  composites 
using  the  different  material  combinations.  The  types  of  toughening  mechanisms 
explored  were  ( 1 ) brittle  reinforcing  phase  with  weak  interfaces,  (2)  brittle  reinforcing 
phase  with  strong  interfaces,  and  (3)  ductile  reinforcing  phase  with  weak  interfaces. 
The  silicon  nitride-tantalum  material  combination  resulted  in  composites  with  a ductile 
reinforcing  phase  and  weak  interfaces.  The  silicon  nitride-tantalum  composites 
exhibited  the  highest  flexure  strength  and  fracture  toughness  of  the  composite  material 
combinations  examined. 
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CHAPTER  1 
INTRODUCTION 


The  increased  use  of  ceramic  materials  in  structural  applications  is  dependent  on 
increasing  the  toughness  and  damage  tolerance  of  ceramic  materials  so  that  they  may  be 
utilized  with  the  confidence  that  they  will  not  fail  in  a catastrophic  manner  during 
operation.  One  example,  limited  by  the  current  damage  tolerance  of  ceramic  materials, 
is  the  pursuit  of  an  all-ceramic  bearing  for  high-temperature  and  high-speed 
applications.  The  successful  fabrication  of  reliable  silicon  nitride  balls  for  use  in  hybrid 
bearing  systems,  using  metallic  raceways,  has  increased  the  performance  of  bearings  for 
use  in  motors  for  machining  equipment,  gas  turbine  engines  and  the  liquid  oxygen  fuel 
turbopumps  for  the  US  Space  Shuttle  (Discovery)  [1-16].  It  has  been  possible  to 
introduce  silicon  nitride  ball-metallic  raceway  hybrid  bearings  to  critical  manned  flight 
vehicle  engines  because  the  silicon  nitride  balls  fail  in  a controlled,  non-catastrophic 
manner  when  employed  in  the  hybrid  bearing  configuration.  The  wear  process  of  the 
silicon  nitride  ball  surface  results  in  removal  of  small  amounts  of  material  from  the 
surface,  resulting  in  vibration  in  the  bearing  which  is  detectable  before  complete  failure, 
as  occurs  with  all-metallic  bearings  [17].  This  behavior  is  a result  of  the  design  of  the 
hybrid  bearing,  which  employs  the  ceramic  in  the  form  of  well-polished  balls  which  are 
under  compressive  load  during  operation.  Ceramic  materials  fail  due  to  a combination 
of  high  tensile  stresses  in  the  vicinity  of  a pre-existing  crack.  By  keeping  the 
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compressive  loads  on  a bearing  ball  below  a critical  level  and  keeping  the  surface  finish 
below  ~1  micron,  the  combination  of  critical  stress  and  crack  size  are  not  reached  and 

failure  is  prevented. 

Research  has  shown  that  the  hard,  wear  resistant  silicon  nitride  balls  may 
produce  excessive  wear  of  the  metallic  raceway  materials  utilized  in  hybrid  bearing 
systems  [18-20],  The  wear  performance  of  these  bearing  systems  may  be  improved  by 
development  of  an  all-ceramic  bearing,  utilizing  wear-resistant  ceramic  materials  for  all 
rolling  element  surfaces,  i.e.  ball  and  raceway  surfaces.  An  all-ceramic  bearing  would 
enable  greater  bearing  operating  temperatures,  facilitating  greater  engine  operating 
temperatures,  and  resulting  in  greater  engine  efficiency.  An  all-ceramic  bearing  may 
enable  the  elimination  of  liquid  lubricant  systems  for  expendable  turbojet  engines 
designed  for  short-life,  air-borne  missions  [21].  The  utilization  of  an  all-ceramic 
bearing  has  the  potential  for  eliminating  the  oil-lubrication  system  to  reduce  cost  and 

improve  system  performance  of  cruise  missiles. 

The  factor  inhibiting  the  production  of  all-ceramic  bearings  is  that  the  raceways 
may  be  stressed  in  tension  during  bearing  operation  due  to  the  centrifugal  forces  of  the 
balls  as  they  rotate  in  the  bearing.  Metallic  materials  are  currently  utilized  as  raceway 
materials  because  of  their  damage  tolerance  and  the  controlled  failure  mechanisms  they 
exhibit  while  under  tensile  stress.  Research  on  the  oil-less  operation  of  all-ceramic 
bearings  has  shown  that  ceramic  raceway  materials  may  fail  catastrophically  during 
bearing  operation  under  extreme  conditions  [21].  The  development  of  a ceramic 
raceway  material  which  is  tough,  damage  tolerant,  and  fails  in  a non-catastrophic 
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manner  will  increase  the  viability  of  an  all-ceramic  bearing.  The  subject  of  this 
research  is  the  fabrication  and  characterization  of  Si3N4-metallic  multilayer  composites 

to  form  tough  and  damage  tolerant  materials. 

First,  I will  present  the  background  for  lamination  to  form  multilayer  structures 
and  discuss  their  mechanical  properties.  Next,  I will  present  the  experimental  strategy. 
I will  present  the  procedure  for  processing  Si3N4-metallic  multilayer  composites.  The 
next  two  chapters  will  address  the  chemical,  microstructural  and  mechanical 
characterization  of  the  fabricated  composites.  I will  end  with  the  conclusions  and 
suggestions  for  future  work. 


CHAPTER  2 
LITERATURE  SURVEY 

2.1  Developing  High-Toughness  Ceramics 
Many  structural  ceramic  materials  have  properties  superior  to  metallic  materials, 
such  as  low  density,  high  strength  and  hardness,  high  thermal  and  chemical  stability, 
low  thermal  expansion  coefficient,  and  low  thermal  conductivity.  The  primary 
disadvantage  of  structural  ceramic  materials  is  their  low  mechanical  reliability.  The 
focus  of  research  activities  involving  development  of  ceramic  materials  for  structural 
applications  centers  around  forming  ceramics  having  high  reliability.  There  are  two 
fundamentally  different  approaches  to  achieve  this  objective:  (1)  flaw  control  and  (2) 
flaw  tolerance,  i.e.  toughening  [22,  23].  The  ideal  ceramic  would  have  both  flaw 
control  and  flaw  tolerance  optimized,  and  eliminate  the  catastrophic  fast-fracture 
mechanism  associated  with  ceramics. 

Since  ceramic  materials  fail  due  to  a combination  of  high  tensile  stresses  in  the 
vicinity  of  a pre-existing  crack,  the  elimination  of  defects  such  as  cracks  is  the  goal  of 
the  flaw  control  approach.  Although  control  of  crack  size  during  material  processing 
has  been  greatly  improved  [24,  25],  it  is  impossible  to  eliminate  the  generation  of  flaws 
(cracks)  during  the  post-processing,  industrial  application  of  the  ceramic.  In  addition, 
while  the  flaw  control  approach  is  capable  of  increasing  mechanical  strength  and  may 
increase  the  Weibull  modulus  of  the  strength  distribution  of  a ceramic,  it  does  not 
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increase  the  resistance  to  crack  propagation,  i.e.  the  ceramic  still  fails  in  a brittle, 
catastrophic  manner. 

The  flaw  tolerance,  or  toughness,  approach  to  producing  ceramics  having  high 
reliability  attempts  to  create  microstructures  that  impart  sufficient  fracture  resistance 
that  the  strength  becomes  insensitive  to  flaw  size.  The  toughness  technique  has  the 
advantage  that  appreciable  processing  and  post-processing  damage  can  be  tolerated 
without  compromising  the  structural  reliability  [26,  27].  Numerous  techniques  have 
been  employed  to  increase  the  toughness  and  damage  tolerance  of  structural  ceramic 
materials.  The  two  principal  methods  employed  to  increase  toughness  are:  (1)  forming 
controlled,  heterogeneous,  self-reinforcing  microstructures  in  ceramic  materials  using 
sintering  additives  and  manipulating  the  processing  variables  [28-33]  and  (2)  forming 

ceramic-matrix  composite  materials  [34-46]. 

The  first  technique  for  toughening  ceramics,  forming  controlled,  heterogeneous, 
self-reinforcing  microstructures,  often  referred  to  as  in-situ  toughening,  is  commonly 
applied  to  silicon  nitride  materials.  The  in-situ  toughening  technique  involves 
exaggerated  grain  growth  resulting  in  a two-phase  microstructure  in  which  the 
reinforcing  phase  grows  to  a high  aspect  ratio  [28-33].  The  high-aspect  ratio  grain 
growth  leads  to  whisker-shaped  grains,  causing  increased  toughness  via  crack  deviation 
and  grain  bridging  mechanisms.  The  strength  and  toughness  of  self-reinforced 
materials  is  sensitive  to  the  size  and  distribution  of  the  elongated,  reinforcing  grains 
[32],  as  well  as  the  atomic  bonding  structure  across  the  reinforcing  phase-grain 
boundary  interface  [33].  Although  the  toughness  and  damage  tolerance  of  ceramic 


6 


materials  can  be  improved  by  optimizing  self-reinforced  microstructures,  the 
catastrophic  fast-fracture  failure  mechanism  has  not  been  eliminated  by  this  approach. 

In  addition  to  increasing  the  toughness  and  damage  tolerance  of  ceramic 
materials  via  crack  deviation  and  grain  bridging,  the  second  technique  for  toughening 
ceramics,  forming  ceramic-matrix  composite  materials,  is  capable  of  eliminating  the 
catastrophic  fast-fracture  mechanism  of  ceramics  by  arresting  the  propagation  of  a 
critical  crack  at  an  interface  and  requiring  additional  energy  to  reinitiate  a crack  in 
another  location  [44,  45].  Forming  composite  materials  enables  increasing  the 
toughness  and  damage  tolerance  of  ceramics  in  many  unique  manners,  depending  on  the 
morphology  of  the  reinforcing  and  matrix  phases. 

Composites  may  be  designed  using  reinforcing  phases  in  the  form  of  particles, 
whiskers,  short  fibers,  continuous  fibers,  laminates,  or  any  combination  thereof  [22,  23, 
34-36].  Reinforcing  phase  materials  may  be  either  ductile  or  brittle,  and  the  interface 
properties  have  great  influence  on  the  mechanical  behavior  [34-37,  45-51].  The 
mechanical  behavior  may  be  tailored  by  changing  the  chemistry  and/or  the  morphology 
of  the  interface  between  the  reinforcing  phase  and  the  matrix  material  [45-49].  In 
addition,  the  reinforcing  phase  may  be  a phase  transforming  material  that  absorbs 
fracture  energy  by  undergoing  a stress-induced  phase  transformation,  such  as  occurs  in 
zirconia  [22,  23]. 

The  types  of  toughening  mechanisms  involved  in  composite  materials  are 
microcracking,  crack  deflection,  crack  branching,  crack  blunting,  crack  shielding,  crack 
arrest-delamination-crack  reinitiation,  ductile  bridging,  ductile  yielding,  grain  bridging, 
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phase  transformations  and  twinning  [22,  23,  34-36,  45].  The  strength  and  fracture 
toughness  of  a ceramic-matrix  composite  material  may  also  be  increased  as  a result  of 
the  ceramic  being  placed  in  residual  compression  after  cooling  from  the  processing 
temperature.  This  result  may  occur  because  the  ceramic  is  co-processed  with  a material 
which  has  a larger  thermal  expansion  coefficient  [44,  45,  52-55]  or  with  a material 
which  undergoes  a phase  transformation  to  a phase  with  a smaller  volume  upon  cooling 
from  the  processing  temperature,  such  as  zirconia  [56,  57]. 

2.2  Properties  of  Laminate  Composites 

Ceramic-matrix  composite  materials  have  mechanical  properties  superior  to 
more  conventional  materials.  However,  a significant  disadvantage  of  these  materials  is 
their  labor  intensive  fabrication  techniques,  resulting  in  high  production  costs  [34-37]. 
While  less  labor  intensive  techniques  have  been  developed  for  fabricating  fiber- 
reinforced  composites  [41],  Clegg  et  al.  [37]  have  suggested  that  forming  laminate 
composites  from  monolithic  layer  materials  is  a less  expensive  manner  of  producing 
tough  ceramic  composite  materials.  Formation  of  a laminate  composite  structure  from 
monolithic  layer  materials  has  been  shown  to  be  an  effective  method  for  increasing  the 
toughness  of  ceramic  materials  [23,  35,  44,  45,  56,  57].  In  addition  to  high  toughness, 
laminate  composites  typically  exhibit  increasing  fracture  toughness  with  increasing  flaw 
size,  i.e.  resistance-curve  (R-curve)  behavior.  For  these  reasons,  forming  a silicon 
nitride  laminate  composite  was  the  method  chosen  to  increase  the  toughness  of  silicon 
nitride.  Although  much  of  the  following  can  be  applied  to  many  configurations  of 
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ceramic-matrix  composites,  the  focus  will  be  on  the  properties  of  laminates  since  this  is 
the  method  of  toughening  used  in  this  study. 

Laminate  composites  can  be  categorized  as  one  of  two  general  types  of 
composites:  (1)  brittle  matrix  phase-brittle  reinforcing  phase  composites  or  (2)  brittle 
matrix  phase-ductile  reinforcing  phase  composites.  These  two  types  of  composites  will 
henceforth  be  referred  to  as  brittle-brittle  or  brittle-ductile,  respectively.  The  toughness 
of  a brittle-brittle  laminate  is  typically  increased  by  the  incorporation  of  a “weak” 
interface  [22-23,  34-37,  42]  and/or  residual  compressive  stress  of  the  ceramic  surface 
which  occurs  upon  cooling  from  the  processing  temperature  [56,  57].  For  the  purpose 
of  the  discussion  of  laminates,  a “weak”  interface  is  defined  as  an  interface  which 
delaminates  during  failure,  i.e.  cracks  are  deflected  along  the  interface,  and  a “strong” 
interface  is  defined  as  one  which  remains  in-tact  during  the  failure  process,  i.e.  cracks 
are  not  deflected  along  the  interface,  but  instead  continue  to  propagate  across  the 
interface  in  the  same  general  direction  as  before  encountering  the  interface.  Similar  to 
brittle-brittle  laminates,  the  toughness  of  brittle-ductile  laminates  can  be  increased  by 
tailoring  the  interface  properties  [47,  48]  and/or  the  residual  compressive  surface  stress 
which  results  from  processing  [38-40,  45,  52-55]. 

An  underlying  principal  of  toughening  behavior  concerns  the  essential  role  of 
nonlinearity,  as  manifest  in  mechanisms  of  energy  dissipation  and  storage  in  the 
material,  upon  crack  propagation.  As  a result,  the  toughening  mechanisms  can  be 
modeled  in  terms  of  stress-displacement  constitutive  laws  for  representative  volume 
elements.  For  materials  exhibiting  nonlinear  behavior,  changes  in  the  mechanical 
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energy,  Um,  of  a portion  of  material  around  the  crack  tip  defined  by  a line-contour,  S, 
will  depend  only  on  changes  in  the  strain  energy  per  unit  volume,  U,  and  a traction 
force  vector  acting  on  the  crack  surface,  F(u).  The  change  in  mechanical  energy  can  be 
defined  by  the  path-independent  J integral  according  to  the  following  [22] : 


dUu 

dc 


(2.1) 


For  materials  with  bridging  mechanisms,  the  toughening  contribution  from  bridging  can 
be  determined  using  [22] 


u* 

J = 2^p{u)  du  (2.2) 

0 

where  2u  is  the  crack  opening,  2u  * the  crack  opening  at  the  edge  of  the  bridging  zone, 
and  p(u)  the  closing  stress  exerted  on  the  crack  by  the  bridging  agent.  Toughening  by 
means  of  bridging  may  occur  in  both  brittle-brittle  and  brittle-ductile  laminates  [22]. 

The  toughness  contribution  from  bridging  described  by  equation  2.2  can  be 
expressed  in  nondimensional  form  by  noting  that  the  flow  stress  scales  with  the  yield 
strength  of  the  ductile  reinforcement,  oy,  and  that  the  plastic  stretch  is  proportional  to 
the  cross-sectional  area,  A,  of  the  ductile  reinforcement  so  that  the  toughness  can  be 


described  by 
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j = JC^  (2.3) 

<v* 

where  Xw  is  a “work  of  rupture”  parameter  that  depends  on  the  ductility  of  the 
reinforcement  and  on  the  extent  of  interface  debonding.  As  the  yield  strength  of  the 
ductile  reinforcement  increases,  the  ductility  of  the  reinforcement  decreases,  and  Xw 
decreases.  As  the  degree  of  interface  debonding  increases,  Xw  increases  because  of  an 
increase  in  energy  absorption  during  fracture.  The  parameter  Xw  enables  incorporation 
of  the  contribution  of  the  yield  strength  of  the  reinforcing  phase  and  interface 
debonding  on  the  toughness  of  a composite  via  the  J integral.  Values  of  Xw  have  been 
determined  both  by  calculation  and  by  experiment  [40],  based  on  determinations  of  the 
area  under  the  stress-strain  curve  for  the  reinforcing  ligaments. 

Figure  2.1  shows  a summary  of  the  mechanical  behavior  of  non-transformation 
toughened  laminates  based  on  the  structure  of  the  laminate.  The  effect  of  the  ductility 
of  the  reinforcing  phase  and  strength  of  the  interface  on  mechanical  behavior  is 
considered.  For  the  purpose  of  comparison,  the  residual  stress  field  is  considered  to  be 
constant  among  the  models.  The  mechanisms  of  toughening  are  listed  for  each  type  of 
laminate  and  a discussion  of  each  type  follows. 

In  brittle-brittle  laminates  with  strong  interfaces,  the  toughness  may  be  increased 
by  crack  deflection,  crack  bifurcation,  or  transformation  toughening  [58-60].  Prakash  et 
al.  [59]  demonstrated  that  the  work  of  fracture  in  AI2O3/TZ-3Y  (3  mole  % Y2O3- 
stabilized  tetragonal  ZrC^)  laminates  was  influenced  by  the  volume  fractions  of  the 
constituents.  They  showed  variations  in  work  of  fracture  from  17.8  kJ/m  for 
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Figure  2.1.  Summary  of  the  mechanical  behavior  of  non-transformation  toughened  laminates  based  on  the  structure  of  the 
laminate.  Typical  mechanical  behavior  and  shapes  of  stress/strain  curves  are  indicated  under  each  diagram.  For  comparison  of 
properties,  the  residual  stress  field  is  considered  to  be  constant  among  the  models. 
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95  volume  % (vol%)  Al203/5  vol%  TZ-3Y  to  75  kJ/m2  for  5 vol%  Al203/95  vol%  TZ- 
3Y.  The  toughness  of  brittle-brittle,  strong  interface  laminates  can  be  as  high  as  20 
MPa-m1/2  when  using  layer  materials  which  undergo  transformation  toughening,  such  as 
alternating  Ce-Zr02  and  A1203  layers  [22,  23,  58].  The  transformation  toughening  is 
caused  by  a stress-induced  martensitic  transformation  in  the  Ce-Zr02,  which  shields  the 
crack-tip  stresses  by  surrounding  the  crack  with  a zone  of  transformed  monoclinic  phase 
material. 

Oechsner  et  al.  [60]  demonstrated  that  crack  bifurcation  occurred  in 
Zr(12Ce)02/Al203  laminates  if  the  thickness  of  the  A1203  layer  exceeded  ~70  pm.  The 
crack  bifurcation  involved  the  formation  of  an  edge  crack  along  the  centerline  of  the 
layer  under  residual  compression  normal  to  the  direction  of  the  critical  crack,  which  was 
propagating  into  the  layer.  Although  the  toughness  of  brittle-brittle  laminates  with 
strong  interfaces  may  be  increased  by  crack  deflection  and/or  transformation 
toughening,  unless  crack  bifurcation  takes  place  failure  occurs  by  growth  of  a single 
crack,  in  a catastrophic  fast-fracture  event,  as  in  monolithic  specimens  [58]. 

The  failure  process  in  a brittle-brittle  laminate  with  weak  interfaces  involves 
crack  arrest  at  the  interface,  interface  delamination,  and  crack  reinitiation  at  a location 
different  than  that  of  the  original  crack  [37,  61-64].  The  crack  arrest-delamination- 
crack  reinitiation  behavior  which  occurs  along  the  weak  interfaces  results  in  an  increase 
in  toughness  and  the  elimination  of  catastrophic  failure  behavior.  However,  the  bending 
strength  of  these  composites  is  often  limited  by  failure  initiating  at  the  weak  interface. 
In  addition,  due  to  the  weak  interfaces,  strength  normal  to  the  layers  is  low.  The  low 
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strength  normal  to  the  layers  dictates  that  these  composites  are  best  suited  for  use  in 
applications  where  components  are  loaded  in  bending  [58]. 

In  a brittle-ductile  laminate  the  failure  process  involves  crack  arrest  at  the 
interface,  followed  by  either  ductile  bridging,  ductile  yielding,  crack-tip  blunting,  or  a 
combination  of  these  behaviors,  and  then  crack  reinitiation  at  a different  location  [44- 
46,  65].  The  strength  of  the  interface  region  of  a brittle-ductile  laminate  can  be  varied 
to  tailor  the  strength  and  toughness  behavior  of  the  laminate  [45,  46].  If  the  strength  of 
the  interface  is  increased,  delamination  behavior  decreases,  strength  increases,  and 
toughness  decreases.  Decreasing  the  strength  of  the  interface  has  the  opposite  effect  on 
delamination,  strength  and  toughness  behavior.  Fracture  energy  is  absorbed  in  the 
brittle-ductile  laminate  by  interface  delamination  and/or  plastic  deformation  of  the 
ductile  layers.  If  the  interface  is  strong,  cavitation  must  occur  in  the  ductile  layers  to 
reduce  the  constraint  imposed  on  the  ductile  material  during  plastic  deformation  [46]. 
The  yield  strength  of  the  ductile  material  is  a key  parameter  which  determines  the  extent 
of  plasticity  exhibited  by  the  laminate.  As  the  yield  strength  of  the  ductile  material 
increases,  the  strength  of  the  laminate  increases  and  the  plasticity  decreases  [66]. 

Bannister  and  Ashby  [46]  presented  results  from  experiments  and  models  which 
described  the  influence  of  interface  strength  on  the  properties  of  brittle-ductile 
laminates  consisting  of  a thin  layer  of  lead  between  glass  slides.  They  demonstrated 
that  limited  interface  debonding  reduces  the  peak  force  exerted  by  the  ductile 
reinforcing  phase,  but  increases  the  energy  absorbed  in  fracturing  it,  providing  evidence 
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of  the  inversely  proportional  relationship  between  the  strength  and  toughness  behavior 
of  brittle-ductile  laminates  with  variation  in  the  degree  of  interface  debonding. 

Shaw  et  al.  [66]  investigated  the  cracking  and  damage  mechanisms  in  brittle- 
ductile  multilayers  using  AI2O3-AI  and  AI2O3-CU  laminates.  They  described  the  stress 
fields  around  a crack  located  in  a brittle  layer,  with  its  tip  incident  upon  a ductile  layer. 
They  identified  two  limits:  (1)  a small-scale  yielding  (SSY)  limit,  wherein  the  plastic 
zone  extends  completely  through  the  ductile  layer  but  only  extends  a small  distance, 
relative  to  the  crack  length,  along  the  ductile  layer,  and  (2)  a large-scale  yielding  (LSY) 
limit,  where  the  plastic  zone  extends  a relatively  large  distance  along  the  ductile  layer 
(normal  to  the  crack).  At  the  SSY  limit,  relatively  large  stress  concentrations  are 
expected  to  result  in  local  load  sharing,  while  the  LSY  limit  is  characterized  by  much 
smaller  stress  concentrations  and  may  allow  global  load  sharing.  They  found  that  the 
SSY  predictions  agreed  reasonable  well  with  experimental  results  and  appeared  to  be 
valid  over  a wider  range  of  plastic  zone  sizes  than  had  been  expected.  The  SSY  theory 
successfully  predicted  the  R-curve  behavior  exhibited  by  the  laminates,  and  the 
locations  of  peak  stress,  which  were  located  approximately  50  pm  to  either  side  of  the 
crack  tip.  The  LSY  solution  was  not  in  agreement  with  experimental  results. 

Shaw  et  al.  [66]  demonstrated  that  cracking  behavior  was  influenced  by  the 
layered  structure.  The  locations  at  which  cracks  reinitiated  in  a brittle  layer  after 
arresting  at  the  previous  ductile  layer  were  often  offset  from  the  crack  plane  in  the 
previously  cracked  brittle  layer.  They  showed  that  the  offset  distance  for  the  crack 
arrest-reinitiation  process  was  a function  of  the  volume  fraction  of  metal  in  the 
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laminate,/*,  the  thickness  of  the  metal  layers,  and  the  yield  strength  of  the  metal.  In 
laminates  with  low  volume  fractions  of  metal  (fm  < 0.3),  a single  crack  formed  in  each 
brittle  layer,  reinitiating  sequentially  in  subsequent  brittle  layers  on  nearly  the  same 
plane  as  the  previous  crack.  In  laminates  with  larger  volume  fractions  of  metal  (fm  > 
0.7),  multiple  cracks  formed  within  the  brittle  layers  after  initial  crack  arrest-reinitiation 
from  the  pre-crack.  In  laminates  with  the  highest  metal  volume  fraction  (fm  > 0.85), 
lateral  spreading  of  multiple  cracks  within  the  same  brittle  layer  often  occurred  in 
preference  to  forward  progression  of  the  main  crack.  They  proposed  that  SSY 
conditions  dominate  the  fracture  process  in  brittle-ductile  laminates.  Because  SSY 
conditions  dominate,  they  suggest  that  the  transition  from  single  to  multiple  cracking 
occurs  when  new  cracks  are  formed  in  the  brittle  layers  in  the  crack  wake,  due  to 
bridging  tractions  exerted  by  the  intact,  but  plastically  deformed,  metal  layers  in  the 
crack  wake. 

Chen  and  Mecholsky  [45]  demonstrated  that  AhCb/Ni  laminates  could  be 
formed  which  exhibited  strength  insensitivity  to  flaw  size,  R-curve  behavior,  and  work 
of  fracture  values  of  1652  J/m2.  The  crack  arrest  and  plastic  deformation  involved  in 
the  failure  of  brittle-ductile  laminates  are  capable  of  absorbing  an  abundance  of  energy 
during  failure,  providing  the  capability  for  great  increases  in  toughness.  In  addition  to 
increasing  toughness,  formation  of  brittle-ductile  laminates  eliminates  the  catastrophic 
failure  behavior  by  arresting  critical  cracks  and  absorbing  additional  energy  via  several 
simultaneous  toughening  mechanisms  before  cracking  reinitiates  in  another  location. 
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It  is  apparent  from  the  failure  behavior  of  both  brittle-brittle  and  brittle-ductile 
laminates  that  the  interaction  of  a critically  propagating  crack  with  the  interface  has  a 
significant  influence  over  the  mechanical  behavior  of  the  laminate  [23,  37,  47-51]. 
Chen  et  al.  [47,  48]  demonstrated  that  the  room-  and  high-temperature  mechanical 
behavior  of  AhCVNi  laminates  could  be  varied  between  weak  and  strong  interface 
behavior  by  varying  the  tortuosity  of  the  interface  region.  They  found  that  as  the 
tortuosity  of  the  interface  increased,  the  mechanical  interlocking  between  the  layers 
increased,  and  the  interface  showed  increasingly  strong  behavior  at  room  temperature 
and  creep  resistance  at  elevated  temperature.  They  demonstrated  that  as  interface 
tortuosity  increased,  laminate  strength  increased  and  toughness  by  work  of  fracture 
decreased,  as  a result  of  the  strong  behavior  exhibited  by  the  interfaces. 

For  plane  strain,  the  elastic  properties  of  a laminate  consisting  of  two  elastic, 

isotropic  materials  can  be  defined  by  Dunbars’  elastic  mismatch  parameters,  a and  p, 
given  by  [49-51]: 


M,(! -v2)+  Ai2 (!  ”vi) 


(2.4) 


_ At,  (l  ~ 2v2 ) - ju2  (l  - 2v, ) 
2[Mi(1-v2)+M2(1-vi)] 


(2.5) 


where  p/  and  are  the  shear  moduli  of  materials  1 and  2,  and  v/  and  V2  are  their 
respective  Poisson’s  ratios.  Ritchie  et  al.  [49]  demonstrated  that  the  stress  and 


17 


deformation  fields  developed  at  crack  tips  located  at  or  near  an  interface  are 
significantly  influenced  by  the  elastic  property  differences  across  the  interface  and  can 
differ  markedly  from  that  expected  from  far-field  loading  conditions.  They  used 
Dunbars’  elastic  mismatch  parameters  to  quantify  the  ratio  of  the  mixed-mode  normal 
to  shear  stresses  ahead  of  a crack  propagating  in  a laminate  structure  under  pure  mode  I 
far-field  loading.  They  showed  that  (1)  plasticity  within  the  metal  layer,  (2) 
microstructurally  weak  paths  in  relation  to  paths  of  maximum  driving  force,  (3)  crack 
jumping  across  the  ductile  layer,  and  (4)  crack  meandering  may  affect  the  toughness  of 
ceramic-metal  laminates  by  influencing  the  propagation  path  selected  by  stress-induced 
cracks. 

Evans  et  al.  [50]  suggested  that  the  test  specimen  and  test  method  influence  the 
tendency  of  cracks  to  either  propagate  along  interfaces  or  deviate  away,  based  on  the 
phase  angle  of  loading.  The  phase  angle  of  loading  is  derived  from  relationships 
between  the  fracture  energy  of  the  interface  and  substrates,  the  relative  shear  to  opening 
(mixed-mode)  stress  experienced  by  the  interface  crack  and  Dundars’  parameters 
describing  the  elastic  mismatch  between  the  substrates.  Mammoli  et  al.  [51] 
investigated  the  effect  of  interface  flaws  in  elastic-elastic,  i.e.  brittle-brittle,  bi-material 
laminates  on  the  propagation  of  cracks  at  or  near  the  interface.  They  determined  that 
interface  flaws  tend  to  deflect  cracks  approaching  the  interface  from  their  original 
trajectory  if  the  distance  between  the  flaw  and  crack  tip  is  small  relative  to  the  flaw  size. 

It  has  been  demonstrated  that  when  ceramics  are  used  as  surface  materials  and 
are  placed  in  a state  of  residual  compression  upon  cooling  from  the  processing 
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temperature,  it  can  have  a great  influence  on  the  mechanical  behavior  of  laminates  [38- 
40,  45,  52-56].  The  residual  surface  compression  can  be  caused  by  coprocessing  the 
ceramic  with  a material  with  a greater  coefficient  of  thermal  expansion  [45]  or  with  a 
material  which  undergoes  a phase  transformation  to  a phase  with  lower  volume  upon 
cooling  [56]. 

In  a system  such  as  an  AhCh/Ni  laminate,  the  residual  stresses  develop  upon 
cooling  from  the  processing  temperature  due  to  the  larger  thermal  expansion  coefficient 
of  the  nickel  relative  to  the  AI2O3.  The  AI2O3  layers  will  be  placed  in  residual 
compression,  while  the  nickel  layers  will  be  under  residual  tensile  stress.  Chen  and 
Mecholsky  [45]  demonstrated  that  the  mechanical  behavior  of  A^C^/Ni  laminates  is 
influenced  greatly  by  residual  compressive  stress  in  the  AI2O3  surface  layer.  They 
formed  serial  laminate  specimens  with  different  thicknesses  of  surface  AI2O3  layers, 
from  100  to  300  pm  thick,  and  constant  thickness  of  inside  layers.  The  specimens  were 
indented  with  a 3 kg  Vickers  diamond  to  create  well  defined  cracks  which  were 
contained  in  the  surface  layer.  There  was  a space  between  the  tip  of  the  crack  and  the 
interface  in  order  to  reduce  the  influence  of  the  ductile  layer.  Indentation  of  the  surface 
layer  was  performed  to  avoid  fracture  due  to  processing  flaws  and  ensure  fracture  from 
the  tensile  surface  for  all  specimens.  The  specimens  were  loaded  to  fracture  in  four- 
point  bending.  They  demonstrated  that  the  flexure  strength  of  the  laminates  increased 
with  decreasing  thickness  of  the  AI2O3  surface  layer.  They  estimated  the  residual 
compressive  stress  in  the  surface  layer  from  the  difference  between  the  strength  of  the 
laminates  relative  to  the  thickness  of  the  surface  layer  to  be  ~133  MPa.  The  residual 
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compressive  stress  estimated  using  this  experiment  was  in  good  agreement  with 
estimates  of  residual  stress  based  on  materials  properties  and  processing  conditions,  as 
well  as  estimates  based  on  the  change  in  length  of  radial  cracks  emanating  from  Vickers 
indentations. 

Lakshminarayanan  et  al.  [56]  formed  three-layer  laminates  with  residual  surface 
compressive  stress  using  AI2O3  with  15  vol%  of  pure  ZrC>2  in  the  surface  layers  and 
AI2O3  with  15  vol%  3Y-TZP  (3  mol%  Y203-Zr02  solid  solution)  in  the  inner  layer.  The 
residual  stress  develops  because  a large  fraction  of  the  dispersed  pure  (unstabilized) 
ZrC>2  in  the  surface  layers  transforms  to  the  monoclinic  phase  while  the  stabilized  3Y- 
TZP  in  the  inner  layer  is  retained  in  the  tetragonal  phase  on  cooling  from  the  sintering 
temperature.  The  thickness  of  the  surface  layers  was  16%  of  the  thickness  of  the  inner 
layer.  The  difference  in  layer  thicknesses  and  constrained  volume  expansion  of  the 
monoclinic  ZrC>2  leads  to  high  residual  compression  in  the  surface  layers  and  moderate 
residual  tension  in  the  inner  layer.  Using  single-edge-notch-bend  (SENB)  experiments, 
they  showed  that  the  fracture  toughness  of  the  laminate  was  two  times  the  value 
exhibited  by  either  material  tested  in  monolithic  form.  They  also  discovered  that  while 
the  fracture  toughness  of  each  material  in  monolithic  form  was  constant  relative  to 
crack  size,  the  apparent  fracture  toughness  of  the  laminate  exhibited  R-curve  behavior, 
increasing  in  value  from  12  to  30  MPa-m  when  the  ratio  of  crack  size  to  depth  of  the 
specimen  was  increased  from  0.02  to  0.16. 
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2.3  Processing  of  Laminate  Composites 

The  following  are  typical  techniques  used  to  fabricate  laminate  composites:  (1) 
solid-state  bonding,  i.e.  stacking  layer  materials  which  are  fully  dense  prior  to 
lamination,  then  applying  heat,  typically  accompanied  by  elevated  pressure,  to 
consolidate  the  layers  [66],  (2)  cold-pressing  dry  powder  beds  layered  over  one  another, 
then  sintering  or  hot-pressing  [67,  68],  (3)  mixing  high-viscosity  powder-binder-solvent 
mixtures,  rolling  or  pressing  the  mixtures  into  thin  layers,  punching  and  stacking  the 
layers,  performing  binder  burnout,  then  sintering  or  hot-pressing  [37,  63],  (4)  tape 
casting  individual  layers  using  moderate  viscosity  powder-binder-solvent  mixtures, 
punching  and  stacking  the  layers,  performing  binder  burnout,  then  sintering  or  hot- 
pressing  [44,  45,  69-76],  or  (5)  any  combination  of  these  processes  [77,  78]. 

The  tape  casting  technique  offers  advantages  over  other  techniques  for  forming 
the  layer  materials  to  be  used  in  fabricating  multilayer  composites.  Thin  sheets  of 
ceramic  and  metallic  materials  with  precise,  uniform  thickness  and  smooth  surface  for 
use  in  forming  laminates  can  be  formed  using  the  tape  casting  technique  [79-84].  The 
physical  characteristics  and  micro  structure  of  tapes  to  be  used  in  laminates  can  be 
precisely  controlled.  For  instance,  interlayer  tapes  of  a homogeneous  mixture  of  the 
powders  to  be  placed  between  in  the  alternating  layers  can  be  formed  less  than  30  pm 
thick  by  tape  casting.  The  interlayers  can  distribute  residual  stresses  across  the  interface 
region  and  can  be  used  to  alter  the  morphology  of  the  interface  regions  [44,  45].  Seeds, 
particles,  or  fugitive  agents  with  high  aspect  ratio  can  be  homogenously  distributed  or 
aligned  in  a planar  direction  by  tape  casting  [33,  85]. 
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The  electronic  materials  industry  has  proven  that  forming  a multilayer 
composite  structure  via  tape-casting  and  hot-pressing  is  a robust,  cost-effective  process 
capable  of  manufacturing  multilayer  capacitors  and  microprocessors  in  high  volume 
[69,  70].  Because  of  the  advantages  that  precise  control  of  tape  properties  provides, 
tape  casting  is  now  being  employed  to  fabricate  tough,  multilayer  ceramic  composites 
for  structural  applications  [44,  45,  71-76]. 

The  results  of  the  literature  survey  suggest  that  the  formulation  of  a multilayer 
brittle-ductile  composite  formed  by  tape-casting  is  the  most  reasonable  approach  to 
producing  a strong,  tough  composite  that  could  be  produced  commercially.  Thus,  the 
approach  used  in  this  study  was  to  find  a compatible  metal  to  process  with  silicon 
nitride. 


CHAPTER  3 

EXPERIMENTAL  STRATEGY 
3.1  Objective 

The  objective  of  this  research  was  to  develop  a silicon  nitride  material  with  high 
strength,  toughness,  and  damage  tolerance,  so  that  failure  occurs  in  a controlled,  non- 
catastrophic  manner.  This  toughened  material  could  be  used  as  a bearing  raceway 
material  or  in  any  application  where  a damage  tolerant  structural  ceramic  material  will 
bring  beneficial  results  to  the  system. 

3.2  Project  Rationale 

Of  the  various  techniques  employed  to  increase  the  toughness  and  damage 
tolerance  of  ceramic  materials  enumerated  in  Chapter  2,  the  technique  chosen  for 
evaluation  in  this  study  was  to  form  a silicon  nitride  multilayer  composite,  toughened 
by  metallic  lamina.  This  method  of  toughening  was  chosen  because  the  damage 
tolerance  of  the  composite  can  be  increased  extensively  relative  to  the  monolithic 
ceramic  material  due  to  a stepwise  failure  process  involving  crack  arrest,  interface 
delamination,  and  crack  reinitiation  processes,  which  occur  across  the  large  ceramic- 
metallic  interface  area  provided  by  the  laminate  structure.  This  configuration  allows  for 
a great  amount  of  energy  to  be  absorbed  during  the  fracture  process,  and  for  the  failure 
to  be  detected  from  structural  damage  before  catastrophic  failure  occurs. 
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The  energy  absorption  is  due  to  the  stepwise  failure  process  involved  in  the 
fracture  of  an  appropriately  designed  laminate  composite  material.  Of  all  the  possible 
methods  available  for  lamination,  tape  casting  was  selected  because  of  the  ability  to 
control  the  size  and  composition  of  layers  and  because  of  commercial  potential.  If  an 
all-ceramic  bearing  is  to  be  introduced  into  critical  engines  involved  with  manned  flight 
vehicles,  the  bearing  must  fail  in  a controlled,  non-catastrophic  manner.  A ceramic- 
metallic  laminate  composite  material  has  the  potential  to  be  formed  into  a raceway 
material  which  will  fail  in  a controlled,  non-catastrophic  manner,  furthering  technology 
toward  a wear  resistant,  high-temperature  all-ceramic-surface  bearing. 

3.3  Conclusions 

The  conclusions  established  during  this  study  were  (1)  processing  of  a Si3N4- 
metallic  multilayer  composite  is  possible,  (2)  Si3N4-Ta  laminates  have  mechanical 
properties  superior  to  silicon  nitride  multilayer  composites  formed  using  chromium, 
titanium,  and  molybdenum,  (3)  the  Si3N4-Ta  multilayer  composite  fabricated  for  this 
study  shows  greater  strength,  fracture  toughness,  R-curve  behavior,  and  damage 
tolerance  than  NBD-200,  a monolithic  silicon  nitride  bearing  material,  and  (4)  Si3N4-Ta 
laminates  fail  in  a controlled,  non-catastrophic  manner. 


CHAPTER  4 

PROCESSING  OF  LAMINATE  COMPOSITES 

4.1  Introduction 

The  Si3N4-metallic  laminates  developed  for  this  study  were  fabricated  by  hot- 
pressing  alternating  layers  of  ceramic  and  metallic  materials.  The  metallic  layer 
materials  were  either  tape  cast  or  metal  foil.  Tape  cast  silicon  nitride  layers  were  used 
in  all  cases.  The  individual  layers  were  stacked  in  the  appropriate  sequence, 
laminated,  pre-sintered  to  remove  the  polymeric  materials  which  are  added  to  supply 
green  strength  and  flexibility  to  the  tapes,  and  densified  by  hot  uniaxial  pressing. 

4.2  Experimental  Procedure 
4.2. 1 Summary  of  the  processing  method 

Figure  4.1  is  a flow  diagram  of  the  steps  involved  in  fabricating  the  multilayer 
composite.  The  shaded  boxes  in  the  diagram  represent  the  steps  in  the  tape-casting 
process,  and  the  non-shaded  boxes  are  the  subsequent  steps  involved  in  forming  the 
laminate  composite.  The  first  step  in  the  formation  of  the  laminate  composite  was  to 
prepare  the  slip  which  was  used  to  tape  cast  the  raw  material  powders.  This  process 
involved  combining  the  raw  material  powder,  sintering  aids,  and  dispersant  in  a liquid 
solvent  with  milling  media  and  ball  milling  the  solution  at  high  revolutions  per  minute 
(RPM)  to  break  up  agglomerated  particles  and  reduce  the  particle  size  of  the  raw 
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Figure  4.1.  Flow  diagram  of  the  composite  fabrication  process.  The  shaded  block 
region  describes  the  steps  in  the  tape  casting  process.  The  non-shaded  block  region 
describes  the  subsequent  steps  involved  in  forming  the  laminate  composite. 
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material  powder.  The  polymeric  binder  and  plasticizer  materials  were  added  next,  and 
the  solution  was  mixed  by  ball  milling  at  low  RPM  to  produce  a homogenous,  well- 
dispersed  slip.  The  homogenous  slip  was  filtered,  de-aired,  and  tape  cast. 

The  remaining  portion  of  the  process,  shown  in  the  non- shaded  boxes  of  Figure 
4.1,  comprises  formation  of  the  laminate  composites.  The  initial  process  of  forming 
laminates  involved  punching  individual  layer  materials  from  the  tapes  and  stacking  the 
layer  materials  in  the  appropriate  order  to  result  in  the  desired  laminate  composite 
structure.  The  stack  of  layers  was  warm-pressed  to  laminate  the  stack  into  a 
consolidated  green  body.  The  green  body  was  then  heated  to  remove  the  polymeric 
additives  and  hot-pressed  to  facilitate  densification. 

Each  composite  was  formed  using  one  of  two  variations  on  this  process:  (1)  the 
tape-tape  process  or  (2)  the  tape-foil  process.  The  tape-tape  process  involved 
laminating  silicon  nitride  and  metallic  layers  which  were  each  formed  by  tape  casting 
raw  material  powders.  The  tape-foil  process  involved  laminating  tape  cast  silicon 
nitride  layers  with  metallic  foil  layers.  Four  different  silicon  nitride-metallic  material 
combinations  were  used  to  form  the  laminate  composites  for  this  study.  The  four 
types  of  metallic  materials  used  to  form  composites  were  (1)  chromium  powder  (-325 
mesh,  Johnson  Matthey,  Ward  Hill,  MA),  (2)  titanium  6A1-4V  foil  (Titanium  Metals 
Corp.,  Denver,  CO),  (3)  molybdenum  foil  (Johnson  Matthey,  Ward  Hill,  MA),  and  (4) 
tantalum  foil  (Johnson  Matthey,  Ward  Hill,  MA).  The  titanium  6A1-4V  is  a titanium 
alloy  with  additives  of  6 weight  percent  (wt%)  aluminum  and  4 wt%  vanadium,  and 
will  henceforth  be  referred  to  simply  as  titanium. 
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The  sintering  aid  combination  added  to  the  silicon  nitride  powder  (Grade  B7 
ShN4  powder,  H.C.  Starck,  Newton,  MA)  was  5.0  wt%  MgO  (Johnson  Matthey,  Ward 
Hill,  MA),  2.5  wt%  Y2O3  (Molycorp,  Inc.,  Mountain  Pass,  CA),  and  2.5  wt%  AI2O3 
(RC-HPT  DBM,  Malakoff  Industries,  Malakoff,  TX),  relative  to  total  weight  with  the 
silicon  nitride  powder.  This  sintering  aid  combination  enabled  co-processing  of  the 
silicon  nitride  with  each  metallic  material  by  hot-pressing  at  a relatively  low 
temperature  of  1500°C.  This  silicon  nitride-sintering  aid  combination  was  used  in 
fabrication  of  all  composites  for  this  study. 

Laminates  were  formed  using  an  odd  number  (n)  of  silicon  nitride  layers  and 
an  even  number  (n-1)  of  metallic  layers,  arranged  in  an  alternating  ceramic-metallic 
sequence.  This  configuration  results  in  both  outer  layers  being  silicon  nitride.  It  is 
preferable  that  both  outer  layers  be  silicon  nitride  because  silicon  nitride  has  relatively 
high  wear  resistance  and  chemical  stability.  The  thermal  expansion  mismatch 
between  silicon  nitride  and  the  metallic  materials  used  to  form  the  composites  results 
in  the  silicon  nitride  layers  being  left  in  a state  of  residual  compression  and  the 
metallic  layers  being  left  in  a state  of  residual  tension  in  the  plane  of  the  plate  after 
cooling  from  the  hot-pressing  temperature  [44,  45,  52-55].  The  in-plane  compressive 
residual  stress  in  the  silicon  nitride  helps  to  prevent  crack  initiation  at  the  surface  and 
propagation  through  the  cross-section  [45]. 

The  metallic  materials  utilized  were  chosen  because  they  form  protective  oxide 
coatings,  form  relatively  high  melting  temperature  compositions  with  silicon  and 
nitrogen,  and  have  coefficients  of  thermal  expansion  greater  than  silicon  nitride. 
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Table  4.1  lists  values  reported  in  literature  for  the  following  physical  properties  of  the 
raw  materials  used  to  form  the  composites  for  this  study:  density  (p),  melting  point 
( Tmp ),  linear  coefficient  of  thermal  expansion  (a./),  Poisson’s  ratio  (v),  elastic  modulus 
( E ),  yield  strength  (ay),  tensile  strength  ((Jr),  fracture  toughness  (Kjc),  and  Vickers 
hardness  ( Hy ) [86-89]. 

4.2.2  Tape  casting 

Tape  casting  involves  pouring  a liquid-powder-polymer  mixture,  called  a slip, 
into  a holding  trough  and  allowing  the  slip  to  pass  beneath  a precision,  level  blade, 
called  a doctor  blade,  on  to  a moving  carrier  film  [79-84].  Silicone-coated  Mylar 
(Richard  E.  Mistier  Inc.,  Morrisville,  Pennsylvania)  was  used  as  the  carrier  film.  The 
thickness  of  the  dry  tape  is  a function  of  the  height  of  the  doctor  blade,  the  velocity  of 
the  linear  motion  of  the  blade  relative  to  the  carrier  film  on  which  the  tape  is  cast,  and 
the  viscosity  and  solids  loading  of  the  slip  [90].  A laboratory  scale  tape  casting 
machine  was  used  in  this  study  (Model  TTC-1000,  Richard  E.  Mistier  Inc., 
Morrisville,  Pennsylvania). 

The  initial  step  of  slip  development  and  optimization  involved  performing  a 
sedimentation  experiment.  The  sedimentation  experiment  enabled  screening  of  a wide 
variety  of  potential  dispersants  for  a low  solids  loading  solution  of  the  silicon  nitride 
powder  in  the  solvent  mixture  to  be  used  in  tape  casting  slips.  Table  4.2  lists  the 
dispersants  which  were  examined  in  the  sedimentation  experiment.  A 5 volume 
percent  (vol%)  suspension  of  silicon  nitride  powder  was  made  in  a toluene-ethanol 
solvent  mixture  using  each  dispersant.  Suspensions  were  made  for  each  dispersant  at 
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Table  4. 1 . Physical  properties  of  raw  materials  used  to  form  composites. 


Material 

P 

(g/cc) 

T MP 

(°Q 

O.L 

(K'xlO'6) 

V 

E 

(GPa) 

O’  Y 

(MPa) 

O’  t 
(MPa) 

KIC 

(MPa-ml/2) 

Hy 

(GPa) 

Si3N4 

3. 1 8a 

1900a 

3.0a 

0.24a 

304a 

700-8003 

4-6a 

8-19a 

Cr 

7.19b 

1875b 

6.2b 

0.2 10b 

250b 

362b 

413b 

1.06d 

Ti  6A1-4V 

4.42b 

1650b 

5.3b 

0.361b 

1 14b 

830b 

900b 

50b 

0.97d 

Ta 

16.6b 

3000b 

6.5b 

0.342b 

186b 

330° 

400c 

0.873d 

Mo 

10.2b 

2610b 

4.9b 

0.293b 

325b 

560c 

665c 

1.53d 

a Value  reported  in  literature  [86]. 
Value  reported  in  literature  [87]. 
c Value  reported  in  literature  [88]. 
d Value  reported  in  literature  [89] . 
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Table  4.2.  Dispersants  examined  in  the  Si3N4  sedimentation  experiment. 


Trade  Name 

Designation 

Manufacturer 

Polyvinyl  butyral  - B76 

B76 

Monsanto 

Polyvinyl  butyral  - B79 

B79 

Monsanto 

Polyvinyl  butyral  - B98 

B98 

Monsanto 

Polyvinyl  pyrrolidone  K15 

PVP 

GAF 

Darvan  821 A 

821A 

R.T.  Vanderbilt  Co. 

Emphos  PS220 

PS220 

Witco 

Hypermer  PS3  (KD1) 

PS3 

ICI  Surfactants 

Hypermer  PS2  (KD2) 

PS2 

ICI  Surfactants 

Hypermer  LP4  (KD3) 

LP4 

ICI  Surfactants 

Z3  Menhadden  Fish  Oil 

Z3 

Richard  E.  Mistier  Inc. 
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each  of  two  concentrations  of  dispersant,  0.5  and  1.0  wt%.  The  total  volume  of  each 
suspension  was  ~30  ml.  Each  suspension  was  sonicated  to  achieve  a well-dispersed 
suspension  prior  to  being  set  aside  for  sedimentation.  The  suspensions  were  placed  in 
a secure  area  and  remained  undisturbed  for  145  hours.  The  most  promising  dispersant 
candidates  determined  through  the  sedimentation  experiment  were  compared  via  a 
viscosity  experiment. 

The  dispersion  behavior  of  a suspension  may  be  different  at  high  solids  loading 
than  at  low  solids  loading,  and  tape  casting  is  typically  performed  using  slips  with 
high  solids  loading.  For  these  reasons,  viscosity  experiments  were  performed  to 
further  evaluate  the  potential  dispersants  because  a viscosity  experiment  can  be 
performed  in  a timely  manner  using  suspensions  with  greater  solids  loading  than  a 
sedimentation  experiment.  For  the  viscosity  experiment,  each  dispersant  was 
evaluated  in  an  identical  solvent-silicon  nitride  suspension.  Initially,  ~15  ml  samples 
were  prepared  using  the  toluene  and  ethanol  solvent  mixture  which  would  be  used  in 
tape  casting  slips.  Each  dispersant  was  dissolved  in  individual  sample  bottles  at  each 
of  the  following  six  incremental  concentrations:  0.5,  0.75,  1.0,  1.25,  1.5,  and  1.75 
wt%,  for  a total  of  36  samples.  Silicon  nitride  powder  was  added  to  result  in  ~32 
vol%  solids  in  each  slip.  Viscosity  measurements  were  obtained  using  a digital  cone- 
and-plate  viscometer  (Model  DV-II,  Brookfield  Engineering,  Stoughton,  MA).  The 
final  dispersant  and  concentration  of  dispersant  relative  to  silicon  nitride  powder  to  be 
used  in  tape  casting  slips  was  chosen  based  on  the  results  of  the  viscosity  experiment. 
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Two  polymeric  binder  systems  commonly  used  for  tape  casting  slips  were 
evaluated  via  a decomposition  study  employing  simultaneous  thermogravimetric 
analysis  (TGA)  and  differential  thermal  analysis  (DTA)  (SDT  2960,  TA  Instruments, 
New  Castle,  DE).  The  TGA/DTA  experiments  were  each  performed  using  a heating 
rate  of  10°C/min  and  heated  the  specimen  chamber  to  a maximum  temperature  of 
1000°C.  The  TGA/DTA  experiments  were  performed  in  two  types  of  atmospheres, 
(1)  oxidizing,  and  (2)  non-oxidizing.  Experiments  in  oxidizing  atmospheres  were 
performed  using  flowing  compressed  air.  Experiments  in  non-oxidizing  atmospheres 
were  performed  using  flowing  high-purity  nitrogen  gas.  The  flow  rate  used  for 
compressed  air  and  nitrogen  gas  tests  was  0.5  standard  liters  per  minute  (SLPM).  The 
reference  material  used  for  TGA/DTA  analysis  was  tabular  alumina  (T64,  Whittaker, 
Clark  & Daniels,  Inc.,  South  Plainfield,  NJ).  Tabular  alumina  is  a high  purity  material 
that  is  produced  by  sintering  calcined  alumina  to  incipient  fusion.  The  sintering 
results  in  dense,  thermally  stable  grains.  The  sintered  alumina  is  then  ground  into 
powder  form. 

4,2.3  Formation  of  laminate  composites 

Once  the  raw  material  tapes  were  dry,  they  were  stripped  from  their  carrier 
film  and  38  mm  diameter  circular  disks  were  punched  from  the  tapes.  Circular  disks 
of  38  mm  diameter  were  cut  from  the  metallic  foils.  The  titanium  foil  disks  were 
laser-cut.  The  molybdenum  and  tantalum  foil  disks  were  cut  using  scissor-type  metal 
shears.  The  ceramic  and  metallic  disks  were  stacked  in  the  appropriate  order  to  result 
in  the  desired  thickness  and  configuration  of  the  layers  in  the  final  composite 
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specimen  and  placed  in  a stainless  steel  die  for  lamination.  Lamination  was 
accomplished  by  warm-pressing  the  stacked  tape-tape  or  tape-foil  disks.  Typically, 
warm-pressing  was  performed  by  placing  the  stack-die  assembly  in  an  oven  at  90°C, 
for  30  min,  then  removing  the  stack-die  assembly  from  the  oven  and  pressing  at  30 
MPa  for  10  minutes  in  a hydraulic  press  (Carver  Inc.,  Wabash,  IN). 

The  polymeric  additives  in  the  laminated  composite  disk  were  then  removed 
by  heating  at  a rate  slow  enough  to  allow  removal  of  the  polymers  without  generating 
off-gassing  bubbles.  Off-gassing  bubbles  may  be  formed  when  a coalescence  of 
gaseous  polymeric  decomposition  products  occurs,  or  when  the  laminate  still  contains 
volatile  solvents.  This  coalescence  occurs  when  the  decomposition  process  proceeds 
at  a rate  greater  than  the  rate  with  which  the  decomposition  products  can  be 
transported  to  the  material  surface  via  diffusion  and  removed  from  the  surface  by  the 
flowing  carrier  gas.  The  laminate  composite  disk  green  bodies  were  placed  on 
reticulated  foam  AI2O3  blocks  (Selee  Corp.,  Hendersonville,  NC)  for  the  burnout 
process,  to  allow  the  flowing  carrier  gas  to  contact  both  the  top  and  bottom  surfaces  of 
the  composite  disks,  and  placed  in  a tube  furnace  (Lindberg/Blue,  Asheville,  NC).  A 
water-cooled  cap  was  affixed  on  each  end  of  the  76  mm  diameter,  1.2  m long  alumina 
tube,  and  the  carrier  gas,  either  nitrogen  or  argon,  was  passed  through  the  caps  and 
tube  at  a flow  rate  of  0.5  standard  liters  per  minute  (SLPM).  The  tube  was  purged  for 
10  min  with  carrier  gas  before  beginning  the  heating  cycle.  The  heating  rate  schedule, 
maximum  temperature,  and  carrier  gas  system  to  be  used  in  the  polymer  removal 
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process  were  optimized  using  polymer  decomposition  data  from  the  TGA/DTA  study 
and  are  described  in  Section  4.3.4. 

Once  the  burnout  process  is  complete,  the  laminate  composite  was  transferred 
to  a 38  mm  diameter  graphite  die  for  hot-pressing.  The  green  composite  disk  is  fragile 
after  removal  of  the  polymeric  additives.  The  tape-tape  samples  are  moderately 
fragile  and  do  not  delaminate  after  burnout.  However,  the  tape-foil  samples  are 
particularly  fragile  and  will  delaminate,  because  the  burned-out  tapes  do  not  adhere  as 
well  to  the  fully  dense  metallic  foils  as  they  do  to  other  powder-based  tapes.  For  this 
reason,  the  tape-tape  fabrication  method  is  a more  robust  processing  method. 

Densification  of  the  composite  specimens  fabricated  for  this  study  was 
facilitated  by  hot-pressing.  The  graphite  die  was  prepared  by  lining  the  inside  of  the 
die  collar  and  the  surfaces  of  the  punches  with  Grafoil®  (UCAR  Carbon  Co., 
Nashville,  TN),  then  coating  the  Grafoil®  by  spraying  the  surfaces  with  a boron 
nitride  aerosol  paint  (ZYP  coatings,  Oak  Ridge,  TN).  Since  boron  nitride  is  relatively 
chemically  inert,  it  inhibits  reactions  between  the  composite  specimen  and  the 
Grafoil®  material.  The  lubricous  nature  of  boron  nitride  facilitates  smooth  movement 
of  the  punches  within  the  collar  as  densification  proceeds. 

The  composite  disk-graphite  die  assembly  was  placed  in  a uniaxial  hot-press 
(Thermal  Technology  Inc.,  Santa  Rosa,  CA)  for  final  densification.  The  hot-press 
chamber  was  evacuated  to  ~10‘  Torr.  The  chamber  was  then  purged  with  either 
nitrogen  or  ultra-high  purity  argon.  To  remove  residual  air,  the  hot-press  chamber  was 
evacuated  and  purged  three  times  before  beginning  the  processing  cycle.  The  typical 
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hot-pressing  process  was  carried  out  as  follows:  (1)  begin  ramp  up  to  1500°C  at 
10°C/min,  (2)  apply  30  MPa  of  pressure  upon  reaching  1000°C,  (3)  hold  at  1500°C  for 
25  min,  (4)  begin  ramp  down  to  room  temperature  at  10°C/min,  and  (5)  release 
pressure  below  500°C.  The  hot-pressing  atmosphere  used  during  processing  of  the 
silicon  nitride-chromium  composites  was  either  nitrogen  gas  or  ultra-high  purity  argon 
gas.  For  each  type  of  atmosphere  employed,  the  gas  pressure  inside  the  hot-press 
chamber  was  maintained  at  6.9  x 1 0 Pa. 

After  hot-pressing,  the  large  planar  area  outer  surfaces  of  the  laminate 
composite  disk  were  ground  flat  and  parallel  using  an  automated  grinding/slicing 
machine  (Harig  618,  Bridgeport  Machines,  Inc.,  Elgin,  IL)  with  a 12.7  mm  wide,  320 
grit  diamond  abrasive  grinding  wheel  (Norton/Saint-Gobain  Abrasives,  Worcester, 
MA).  After  grinding  the  planar  surfaces,  8 to  10  bar-shaped  flexure  specimens  with  a 
typical  cross-section  size  of  ~1.6  x 1.9  mm  were  sliced  from  each  38  mm  diameter 
composite  disk.  The  side  and  tensile  faces  of  each  flexure  bar  were  polished  to  -0.4 
pm  surface  finish  using  an  automated  polishing  machine  (Roto-Pol  22,  Struers, 
Rodovre,  Denmark).  Table  4.3  lists  the  sequence  used  in  the  polishing  schedule. 
Finally,  the  edges  of  the  tensile  surfaces  were  rounded  using  a 6 pm  diamond  abrasive 
wheel  and  flowing  water  (Norton/Saint-Gobain  Abrasives,  Worcester,  MA). 

4.3  Results  and  Discussion 

4,3.1  Slip  development 

The  type  of  binder  to  be  used  in  a tape  casting  slip  is  normally  determined  first 
and  is  chosen  based  on  the  surface  characteristics  of  the  starting  ceramic  or  metallic 


Table  4.3.  Polishing  schedule  for  flexure  specimens. 


Step 

Grinding  media 

1 

320  grit  SiC  paper 

2 

500  grit  SiC  paper 

3 

1200  grit  SiC  paper 

4 

4000  grit  SiC  paper 

5 

9 pm  diamond  suspension 

6 

3 pm  diamond  suspension 

7 

0.4  pm  colloidal  silica  suspension 
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powder.  The  solvent  system  is  chosen  based  on  the  solubility  of  the  binder  in  the 
solvent  mixture  and  the  desired  drying  rate  after  casting.  Plasticizers  are  chosen 
which  reduce  the  glass-transition  temperature  of  the  binder  molecules,  enhancing 
flexibility  of  the  green  tape  at  room  temperature.  The  dispersant  which  works  best  in 

the  powder-solvent  system  is  determined  last. 

The  two  binders  evaluated  for  use  in  each  type  of  slip  were  poly(vinyl  butyral) 
(PVB)  (Butvar  B-98,  Monsanto,  St.  Louis,  MO)  and  poly(methyl  methacrylate) 
(PMMA)  (Elvacite  2010,  ICI  Surfactants,  Wilmington,  DE).  The  solvent  system, 
chosen  based  on  the  solubility  of  each  binder,  was  an  80:20  mixture,  by  weight,  of 
ACS/HPLC  grade  toluene  (Burdick  & Jackson,  Muskegon,  MI)  and  anhydrous  ethyl 
alcohol  (Burdick  & Jackson,  Muskegon,  MI).  A 50:50  mixture,  by  weight,  of 
polyethylene  glycol  400  (PEG  400)  (EM  Science,  Gibbstown,  NJ)  and  butyl  benzyl 
phthalate  (Santicizer  1 60,  Monsanto,  St.  Louis,  MO)  was  used  as  a plasticizing  system 
with  the  PVB  binder.  For  the  Elvacite  binder,  n-butyl  phthalate  (Richard  E.  Mistier 
Inc.,  Morrisville,  Pennsylvania)  was  used  as  a plasticizer.  Each  type  of  binder- 
plasticizer  system  was  used  to  prepare  slips  for  silicon  nitride  tapes,  chromium  tapes, 
and  silicon  nitride-chromium  mixed-powder  interlayer  tapes. 

Figure  4.2  shows  the  results  of  the  sedimentation  experiment  after  145  hours. 
Two  characteristics  of  sedimentation  behavior  were  measured:  (1)  the  volume  of 
heavy  sediment  at  the  bottom  of  the  test  tube  (sedimentation  volume)  and  (2)  the 
position  of  the  interface  between  the  cloudy  and  clear  supernatant  above  the  heavy 
sediment  (clear/cloudy  interface  volume).  A well-dispersed  suspension  will  have  a 
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Figure  4.2.  Sedimentation  volume  data  for  S^N,*,  5 vol%  solids  in  25  ml  solvent. 
Sedimentation  duration  was  1 45  hours. 
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low  sedimentation  volume  after  a long  period  of  time,  indicating  that  the  powder 
packs  very  tightly  when  it  does  finally  settle  out  of  suspension.  The  more  rapidly 
sedimentation  occurs,  the  more  loosely  the  heavy  sediment  will  pack,  resulting  in  a 
greater  volume  of  heavy  sediment  at  the  bottom  of  the  test  tube.  Furthermore,  the 
interface  between  the  cloudy  and  clear  supernatants  in  a well-dispersed  suspension 
will  be  high,  indicating  that  the  smallest  particles  stay  in  suspension  for  a very  long 
time.  If  the  position  of  the  clear/cloudy  interface  is  low,  it  indicates  that  the  fine 
particles  are  agglomerating  and  settling  out  of  suspension.  Extremely  rapid 
sedimentation  indicates  a highly  flocculated  system  and  usually  results  in  a clear 
supernatant.  Therefore,  the  dispersants  which  performed  best  in  the  sedimentation 
experiment  are  those  with  the  least  sedimentation  volume  and  the  highest  clear/cloudy 
interface  position  shown  in  Figure  4.2. 

The  best  performing  dispersants  were  B76,  B79,  B98,  PVP,  PS220,  and  PS3. 
The  remaining  dispersants  were  eliminated  from  further  consideration  as  a result  of 
their  poor  performance  in  the  sedimentation  experiment.  Figure  4.2  shows  that 
changing  the  dispersant  concentration  from  0.5  wt%  to  1.0  wt%  did  not  have  a 
significant  effect  on  the  sedimentation  behavior  of  any  of  the  systems  examined. 

Rheological  comparison  of  the  performance  of  the  B76,  B79,  B98,  PVP, 
PS220,  and  PS3  dispersants  at  high  solids  loading  was  performed  next.  The 
suspension  samples  which  were  prepared  using  B76,  B79,  B98,  and  PVP  resulted  in 
suspensions  with  paste-like  viscosity  even  before  the  required  amount  of  silicon 
nitride  powder  was  added.  The  viscosity  of  these  suspensions  were  too  high  to  be 
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tested  in  the  viscometer,  and  they  were  eliminated  from  further  consideration.  The 
two  remaining  dispersants,  Emphos  PS220,  a phosphate  ester  (Witco,  Greenwich,  CT) 
and  Hypermer  PS3,  a polyester/polyamine  copolymer  (ICI  Surfactants,  Wilmington, 
DE),  were  tested  individually  at  each  of  six  concentrations.  Each  suspension  was 
sonicated  to  initially  disperse  the  material,  then  milling  media  was  added  and  it  was 
placed  on  a reciprocating  mixer  for  18  hr.  The  viscosity  of  each  suspension  was 
measured  at  room  temperature  using  a digital  cone-and-plate  viscometer. 

Figure  4.3  shows  the  results  of  the  viscosity  tests.  The  Hypermer  PS3 
dispersant  resulted  in  silicon  nitride  suspensions  with  lower  viscosity  than  those  using 
the  Emphos  PS220  dispersant.  The  viscosity  of  the  slips  using  the  Hypermer 
dispersant  were  also  less  sensitive  to  dispersant  concentration  than  those  using  the 
Emphos  dispersant.  This  is  evident  from  the  shape  of  the  viscosity  versus  dispersant 
concentration  curves.  The  Hypermer  curves  remain  relatively  horizontal  as  the 
concentration  of  dispersant  exceeds  3 vol%.  This  shows  that  with  an  increase  in 
Hypermer  dispersant  concentration,  the  viscosity  of  the  slip  does  not  increase 
significantly.  The  Emphos  curves  show  that  there  is  a narrow  dispersant  concentration 
which  provides  the  lowest  viscosity.  If  the  concentration  of  Emphos  dispersant  is 
greater  than  or  less  than  the  optimum  level,  slip  viscosity  values  begin  to  rise.  For 
these  reasons,  Hypermer  PS3  was  chosen  as  the  dispersant  for  the  silicon  nitride 
powder  for  tape  casting  slips. 
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Figure  4.3.  Viscosity  results  of  SislNU-solvent  mixtures  using  Hypermer  PS3  or 
Emphos  PS220  dispersants  in  incremental  concentrations.  Shear  rates  between  38.4 
and  384  s'1  were  investigated.  Si3N4  solids  loading  is  ~32  vol%. 
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4.3.2  Tape  casting 

Tape  casting  involves  preparing  a slip  composed  of  ceramic  or  metal  particles, 
dispersant,  binder,  and  plasticizers  in  a solvent  or  solvent  mixture  [79-84].  The  slip  is 
prepared  in  a three-step  process  described  in  the  shaded-box  region  of  the  flow 
diagram  shown  in  Figure  4.1.  Step  1 involves  milling  the  dispersant,  ceramic  or  metal 
powder,  and  sintering  aids  in  a solvent  or  solvent  mixture.  Milling  is  accomplished  by 
adding  milling  media  to  the  container  and  placing  the  container  on  a ball  mill  to  roll  at 
high  RPM  for  20-24  hours.  Step  2 entails  adding  the  binder  and  plasticizers  and 
placing  on  the  ball  mill  for  mixing  at  low  RPM  for  12-20  hours.  The  low  RPM  for 
mixing  after  the  binder/plasticizer  addition  is  employed  to  limit  the  physical  damage 
done  to  the  long-chain  polymer  binder  molecules  during  mixing.  Water  may  be  used 
as  a solvent  for  reduced  environmental  impact  when  large  batches  are  being  generated. 
However,  many  tape  casting  systems  employ  an  organic  solvent  mixture.  Polymeric 
binders  will  normally  dissolve  more  readily  in  a multi-solvent  system,  than  in  a single 
solvent  system  such  as  water.  Multi-solvent  systems  also  allow  tailoring  of  the 
evaporation  rate  to  optimize  the  tape  casting  and  drying  procedure  for  drying  rate  and 
tape  consistency.  Step  3 is  the  process  of  filtering,  de-airing,  casting,  and  drying  the 
tape. 

4.3.3  Lamination  process 

In  the  first  method  of  composite  fabrication,  the  tape-tape  composite  method, 
the  silicon  nitride-chromium  laminate  composites  were  formed  by  consolidating  layers 
of  tape  cast  materials.  The  individual  tapes  were  silicon  nitride,  chromium,  and 
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mixed-powder  interlayer  tapes.  The  interlayer  tapes  were  comprised  of  a 50/50 
mixture,  by  weight,  of  silicon  nitride  and  chromium  powders.  The  interlayer  tapes 
were  designed  to  have  a thermal  expansion  coefficient  between  that  of  silicon  nitride 
and  chromium  in  order  to  limit  the  stress  concentration  along  the  interface  and  to 
allow  formation  of  a good  diffusion  bond.  The  interlayer  tapes  were  cast  to  result  in  a 
tape  thickness  of  either  30  pm  or  60  pm.  The  two  different  thickness  interlayer  tapes 
enable  composite  structures  to  be  formed  with  either  thin  or  thick  interface  regions. 

The  thin  interfaces  resulted  in  laminate  composite  structures  with  weak 
interface  properties,  and  the  thick  interfaces  resulted  in  structures  with  strong  interface 
properties.  Circular  disks  of  38  mm  diameter  were  punched  from  the  tapes.  The  disks 
were  stacked,  laminated,  and  hot-pressed  to  form  multilayer  composites.  In  the 
second  method  of  composite  fabrication,  the  tape-foil  composite  method,  the  silicon 
nitride-metallic  laminate  composites  were  formed  by  consolidating  layers  of  cast  tape 
silicon  nitride  with  layers  of  titanium,  molybdenum  or  tantalum  metallic  foil. 

The  lamination  process  for  both  composite  fabrication  methods  involved  (1) 
loading  the  stacked  composite  layers  into  a 38  mm  diameter  stainless  steel  die,  (2) 
heating  the  stack-die  assembly  die  in  an  oven  at  90°C  for  30  minutes,  (3)  removing  the 
stack-die  assembly  from  the  oven  and  immediately  placing  the  assembly  into  the 
uniaxial  cold-press,  (4)  applying  30  MPa  of  pressure  to  the  assembly,  and  (5) 
maintaining  30  MPa  of  pressure  for  15  minutes.  This  process  resulted  in  the 
lamination  of  both  types  of  composite  stacks  (tape-tape  or  tape-foil)  into  a 
consolidated  green  body  which  was  ready  for  polymeric  burnout  and  hot-pressing. 
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4.3.4  Polymer  removal 

Simultaneous  TGA/DTA  was  employed  to  evaluate  the  effect  of  atmospheric 
gas  and  temperature  on  the  removal  of  the  polymeric  additives.  The  TGA/DTA  data 
were  also  used  to  determine  appropriate  heating  rate  schedules  and  maximum 
temperatures  for  binder  removal.  The  DTA/TGA  experiments  were  performed  on 
Si3N4-Butvar  (PVB)  tapes,  S^lSU-Elvacite  (PMMA)  tapes,  Cr-Elvacite  (PMMA)  tapes, 
and  Cr  powder  in  oxidizing  and  non-oxidizing  atmospheres.  Tables  4.4,  4.5,  and  4.6 
show  typical  compositions  for  slips  used  to  cast  S^N^Butvar  tapes,  Si3N4-Elvacite 
tapes,  and  Cr-Elvacite  tapes,  respectively.  These  tapes  were  used  to  fabricate 
composites  and  for  analysis  by  TGA/DTA.  The  TGA  data  resulting  from  all  tests 
performed  on  tape  specimens  have  been  normalized  to  the  weight  of  the  ceramic  or 
metallic  powder,  so  that  the  wt%  data  displayed  by  the  curve  consider  only  the  weight 
resulting  from  polymeric  additives.  Therefore,  0.0  wt%  represents  complete  polymer 
removal,  and  100  wt%  represents  no  polymer  removal.  The  TGA  data  from  the  Cr 
powder  tests  are  plotted  such  that  100  wt%  represents  the  original  weight  of  the 
powder,  and  any  increase  in  wt%  as  the  test  proceeds  indicates  that  reactions  are 
occurring  in  which  the  powder  is  absorbing  elements  from  the  flowing  atmosphere. 

Shih  et  al.  [91],  Scheiffele  and  Sacks  [92],  and  Cima  and  Lewis  [93]  have 
studied  the  decomposition  behavior  of  Butvar  PVB,  and  Sun  et  al.  [94]  have  studied 
the  decomposition  behavior  of  the  Elvacite  PMMA.  These  studies  evaluated  polymer 
decomposition  both  in  the  pure  polymer  form,  i.e.  with  no  other  materials  present,  and 
when  the  polymer  was  combined  with  alumina.  Some  of  the  results  from  the 
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Table  4.4.  Composition  for  tape  casting  slip  for  Si3N4-Butvar  tapes. 


Component 

Function 

Volume  % 

Si3N4+Mg0+Y203+Al203 

Ceramic  Powder 

23.09 

Toluene 

Solvent 

51.75 

Ethanol 

Solvent 

14.22 

Hypermer  PS3 

Dispersant 

0.64 

PVB  - Butvar  98 

Binder 

5.64 

Santicizer  160 

Plasticizer 

2.33 

PEG  400 

Plasticizer 

2.32 

Table  4.5.  Composition  for  tape  casting  slip  for  Si3N4-Elvacite  tapes. 


Component 

Function 

Volume  % 

Si3N4+Mg0+Y203+Al203 

Ceramic  Powder 

22.68 

Toluene 

Solvent 

48.07  j 

Ethanol 

Solvent 

13.21 

Hypermer  PS3 

Dispersant 

0.62 

Elvacite  2010 

Binder 

7.44 

nButyl  Phthalate 

Plasticizer 

7.97 

Table  4.6.  Composition  for  tape  casting  slip  for  Cr-Elvacite  tapes. 


Component 

Function 

Volume  % 

Chromium  Powder 

Metallic  Powder 

27.52 

Toluene 

Solvent 

44.64  j 

Ethanol 

Solvent 

12.26 

Elvacite  2010 

Binder 

8.70 

nButyl  Phthalate 

Plasticizer 

6.87 
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aforementioned  studies  can  be  correlated  with  our  study.  However,  due  to  the 
presence  of  different  material  powders,  i.e.  silicon  nitride  and  chromium,  and  the  use 
of  polymer-plasticizer  systems  in  the  current  study,  the  results  are  expected  to  differ. 

Shih  et  al.  [91]  reported  that  the  pyrolysis  of  PVB  in  the  presence  of  oxygen 
occurs  in  a two  step  process.  They  reported  that  the  initial  stage  is  dominated  by  the 
elimination  of  butyral  and  hydroxyl  side  groups  and  main  chain  scission,  and  is 
indicated  by  a small  exotherm  on  the  DTA  curve.  The  small  exotherm  arises  even 
though  the  reactions  associated  with  the  first  stage  (side  group  elimination  and  main 
chain  scission)  are  generally  endothermic.  During  pyrolysis  in  air,  the  heat  released 
due  to  oxidation  is  sufficient  to  produce  a net  peak  which  is  exothermic.  The  second 
stage  involves  the  oxidative  breakdown  of  crosslinked  and  aromatic/cyclic  structures 
which  are  formed  during  the  initial  stage  of  polymer  decomposition.  The  second 
exothermic  peak  is  considerably  larger  than  the  first  due  to  the  oxidative  breakdown  of 
high  bond  energy  crosslinked  and  cyclic  structures. 

Figure  4.4  shows  the  TGA/DTA  results  for  the  SFNzi-Butvar  (PVB)  tape 
heated  in  a flowing  air  atmosphere.  The  TGA/DTA  curves  indicate  that  in  flowing  air, 
the  Butvar  polymeric  system  is  removed  from  the  Si3N4-Butvar  tape  in  what  appears 
to  be  a two  stage  process.  The  TGA  curve  (solid  line)  in  Figure  4.4  indicates  that  the 
polymers  are  removed  completely  from  the  Si3N4-Butvar  tape  in  the  flowing  air 
atmosphere,  with  the  polymer  removal  process  commencing  at  ~150°C  and  reaching 
completion  at  ~500°C.  Upon  increasing  the  temperature  above  650°C,  a weight  gain  is 
recorded  which  may  be  attributed  to  the  reaction  of  the  silicon  nitride  powder  with 
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Figure  4.4.  TGA/DTA  curves  for  Si3N4  tape  with  Butvar  (PVB)  binder  heated  in  air 
atmosphere.  The  solid  curve  represents  the  TGA  data  and  the  dashed  curve  represents 
the  DTA  data.  The  TGA  data  are  normalized  to  the  weight  of  the  Si3N4  powder,  so 
that  weight  % refers  to  polymer  content  only. 
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oxygen  from  the  flowing  air  atmosphere  at  elevated  temperatures.  The  DTA  curve 
(dashed  line)  in  Figure  4.4  also  indicates  a two  step  decomposition  process  as  shown 
by  the  two  exothermic  reactions  recorded  at  ~225°C  and  ~360°C,  similar  to  those 
reported  by  Shih  et  al.  [91]. 

Figure  4.5  shows  the  TGA/DTA  results  for  the  Si3N4-Butvar  (PVB)  tape 
heated  in  a flowing  nitrogen  atmosphere.  The  TGA/DTA  curves  indicate  that,  in  a 
non-oxidizing  atmosphere,  such  as  flowing  nitrogen,  the  Butvar  polymeric  system  is 
removed  from  the  S^lSU-Butvar  tape  in  what  appears  to  be  a single  stage  process.  The 
TGA  curve  (solid  line)  in  Figure  4.5  indicates  that  decomposition  of  the  Butyar 
polymeric  system  commences  at  ~150°C,  and  that  the  polymers  are  not  completely 
removed  from  the  SisN^Butvar  tape  even  when  heated  to  1 000°C  in  flowing  nitrogen. 
It  has  been  reported  that  during  the  late  stages  of  pyrolysis,  degradation  of  PVB  in  the 
absence  of  oxygen  is  difficult  due  to  carbonization,  inhibiting  the  second  stage  of 
removal  and  resulting  in  the  remainder  of  residual  carbon  [91-93]. 

The  DTA  curve  (dashed  line)  in  Figure  4.5  shows  an  endothermic  reaction 
region  which  occurs  between  ~250-300°C.  The  endothermic  reaction  may  be  an 
example  of  the  endothermic  reaction,  reported  by  Shih  et  al.  [91],  which  occurs  with 
the  first  stage  of  removal  of  PVB  (side  group  elimination  and  main  chain  scission)  in  a 
non-oxidative  atmosphere.  However,  the  endothermic  reaction  region  shown  in 
Figure  4.5  appears  to  be  two  small  endothermic  reactions,  indicating  that  a two  stage 
reaction  may  occur  which  is  not  evident  as  a change  in  the  rate  of  weight  loss 


measured  by  TGA. 
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Figure  4.5.  TGA/DTA  curves  for  Si3N4  tape  with  Butvar  (PVB)  binder  heated  in 
nitrogen  atmosphere.  The  solid  curve  represents  the  TGA  data  and  the  dashed  curve 
represents  the  DTA  data.  The  TGA  data  are  normalized  to  the  weight  of  the  Si3N4 
powder,  so  that  weight  % refers  to  polymer  content  only. 
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PMMA  materials,  such  as  Elvacite,  are  known  to  thermally  degrade  by 
depolymerization,  also  termed  unzipping,  when  in  pure  polymer  form,  i.e.  with  no 
other  materials  present  [94].  This  mechanism  may  be  advantageous  in  processing 
materials  which  are  sensitive  to  oxidation  at  elevated  temperatures,  since  pyrolysis  of 
the  pure  polymer  tends  to  be  completed  at  relatively  low  temperatures  in  both 
oxidizing  and  non-oxidizing  atmospheres.  Sun  et  al.  [94]  confirmed  that  PMMA  in 
the  pure  polymer  form  decomposes  within  a relatively  narrow  temperature  range 
(-280-3  80°C)  in  an  air  atmosphere,  by  an  endothermic  reaction,  as  expected  for  a 
polymer  that  degrades  by  a single  stage  mechanism  such  as  depolymerization.  They 
reported  that  results  of  pyrolysis  of  PMMA  in  the  pure  polymer  form  in  nitrogen 
atmospheres  provided  essentially  the  same  results  as  in  air  pyrolysis,  except  that 
degradation  was  shifted  to  greater  temperatures  by  ~50°C  in  nitrogen.  However,  they 
showed  that  PMMA  may  not  thermally  degrade  exclusively  by  the  depolymerization 
mechanism,  in  an  oxidizing  environment,  when  in  the  presence  of  an  additional 
material,  such  as  a ceramic  powder.  Once  again,  they  obtained  similar  results  for 
degradation  under  nitrogen  atmosphere,  except  that  the  degradation  temperatures  were 
shifted  to  greater  temperatures  by  ~50°C  in  nitrogen. 

Figure  4.6  shows  the  TGA/DTA  results  for  the  SEN^Elvacite  (PMMA)  tape 
heated  in  a flowing  air  atmosphere.  The  TGA/DTA  curves  indicate  that  in  flowing  air, 
the  Elvacite  polymeric  system  is  removed  from  the  SEN^Elvacite  tape  in  what 
appears  to  be  a two  stage  process.  The  TGA  curve  (solid  line)  in  Figure  4.6  indicates 
that  the  polymers  are  removed  completely  from  the  SEN^Elvacite  tape  in  the  flowing 
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Figure  4.6.  TGA/DTA  curves  for  Si3N4  tape  with  Elvacite  (PMMA)  binder  heated  in 
air  atmosphere.  The  solid  curve  represents  the  TGA  data  and  the  dashed  curve 
represents  the  DTA  data.  The  TGA  data  are  normalized  to  the  weight  of  the  Si3N4 
powder,  so  that  weight  % refers  to  polymer  content  only. 
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air  atmosphere,  whereby  polymer  removal  commences  at  ~125°C,  incurs  a change  in 
the  rate  of  weight  loss  at  ~250°C,  and  reaches  completion  at  ~500°C.  Upon  increasing 
the  temperature  above  650°C,  a weight  gain  is  recorded,  indicating  that  a reaction 
occurs  whereby  the  tape  is  absorbing  elements  from  the  flowing  air  atmosphere,  likely 
oxygen,  during  the  heating  process. 

The  DTA  curve  (dashed  line)  in  Figure  4.6  also  indicates  a two  step 
decomposition  process  by  an  endothermic  reaction  which  occurs  between  ~175-250°C 
and  an  exothermic  reaction  recorded  at  ~400°C.  The  two  step  decomposition  process 
differs  from  that  reported  by  Sun  et  al.  [94],  and  may  be  the  result  of  two  different 
single  stage  decomposition  processes  which  occur  at  different  temperatures  in  the 
Elvacite  polymeric  system  employed  for  the  current  study.  One  stage  of 
decomposition  may  involve  the  removal  of  the  Elvacite  polymer,  while  the  other  stage 
of  decomposition  may  involve  the  removal  of  the  n-butyl  phthalate  plasticizer. 

The  weight  gain  which  occurs  upon  heating  silicon  nitride  tapes  above  650°C 
in  flowing  air  was  measured  for  tapes  formed  using  either  the  Butvar  or  Elvacite 
system.  The  weight  gain  was  not  recorded  when  tapes  formed  using  either  the  Butvar 
or  Elvacite  system  were  heated  in  a flowing  nitrogen  atmosphere.  Since  the  polymers 
are  completely  removed  before  the  weight  gain  begins,  the  weight  gain  which  occurs 
when  heating  both  types  of  silicon  nitride  tape  in  air  is  likely  the  result  of  a reaction  of 
the  silicon  nitride  powder  with  oxygen  from  the  flowing  air  atmosphere  at  elevated 


temperatures. 
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Figure  4.7  shows  the  TGA/DTA  results  for  the  Si3N4-Elvacite  (PMMA)  tape 
heated  in  a flowing  nitrogen  atmosphere.  The  TGA/DTA  curves  in  Figure  4.7  indicate 
that,  in  flowing  nitrogen,  the  Elvacite  polymeric  system  is  also  removed  from  the 
SENSEI vacite  tape  in  what  appears  to  be  a two  stage  process.  The  TGA  curve  (solid 
line)  shows  that  the  decomposition  of  the  Elvacite  polymeric  system  commences  at 
~125°C,  incurs  a change  in  the  rate  of  weight  loss  at  ~250°C,  and  the  polymers  are  not 
completely  removed  from  the  S^N^Elvacite  tape  even  when  heated  to  1000°C  in 
flowing  nitrogen. 

The  DTA  curve  (dashed  line)  in  Figure  4.7  also  indicates  a two  step 
decomposition  process  by  the  two  small  endothermic  reactions  recorded  from  ~200- 
250°C  and  ~400°C.  Similar  to  the  results  shown  for  the  Elvacite  system 
decomposition  in  air  shown  in  Figure  4.6,  one  stage  of  decomposition  may  involve  the 
removal  of  the  Elvacite  polymer,  while  the  other  stage  of  decomposition  may  involve 
the  removal  of  the  n-butyl  phthalate  plasticizer. 

Figure  4.8  shows  the  TGA  curves  for  Si3N4-Butvar  and  Si3N4-Elvacite  tapes  in 
both  flowing  air  and  nitrogen  atmospheres.  It  is  apparent  from  the  curves  that  the 
decomposition  reactions  in  both  systems  are  shifted  to  greater  temperatures  in  the  non- 
oxidizing, nitrogen  atmosphere  than  in  the  oxidizing,  air  atmosphere.  It  is  also 
apparent  that  in  a nitrogen  atmosphere,  between  the  temperatures  450°C  and  600°C, 
the  Elvacite  polymeric  system  (dashed  line)  is  removed  more  completely  from  ShlSLj 
tape  than  the  Butvar  polymeric  system  (dotted  line). 
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Temperature  (°C) 


Figure  4.7.  TGA/DTA  curves  for  Si3N4  tape  with  Elvacite  (PMMA)  binder  heated  in 
nitrogen  atmosphere.  The  solid  curve  represents  the  TGA  data  and  the  dashed  curve 
represents  the  DTA  data.  The  TGA  data  are  normalized  to  the  weight  of  the  Si3N4 
powder,  so  that  weight  % refers  to  polymer  content  only. 
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Figure  4.8.  TGA  curves  for  SySU  tape  with  Butvar  (PVB)  or  Elvacite  (PMMA) 
binder  heated  in  air  or  nitrogen  atmosphere.  The  TGA  data  are  normalized  to  the 
weight  of  the  SEN4  powder,  so  that  weight  % refers  to  polymer  content  only. 
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A non-oxidizing  pyrolysis  atmosphere  is  preferred  for  fabrication  of  our 
composite  material  in  order  to  inhibit  oxidation  of  the  metallic  materials  at  the 
elevated  temperatures  where  decomposition  of  the  polymeric  additives  occurs.  It  is 
also  preferable  to  minimize  the  temperature  at  which  pyrolysis  must  be  carried  out  in 
order  to  inhibit  decomposition  of  the  silicon  nitride  and  reactions  between  the  silicon 
nitride  and  metallic  materials  during  the  lengthy  burnout  process.  The  temperature 
selected  at  which  to  investigate  total  weight  loss  of  polymeric  additives  during 
pyrolysis  was  600°C,  since  this  is  the  temperature  at  which  the  rate  of  decomposition 
approaches  zero  for  tests  performed  in  nitrogen,  and  is  less  than  the  temperature  at 
which  significant  weight  gain  begins  for  tests  performed  in  air. 

In  order  to  quantify  the  difference  in  residual  polymer  which  remains  after 
heating  the  tapes  to  600°C,  the  amount  of  residual  polymer  was  calculated  for  S^N^ 
Butvar  and  Si3N4-Elvacite  tapes  in  both  flowing  air  and  nitrogen  atmospheres 
according  to  the  following: 


(4.1) 


(f„  =Wn-  Wn  (4.2) 

where  Wco  is  the  initial  weight  of  ceramic  powder  in  the  tape,  Wpo  the  initial  weight  of 
polymers  in  the  tape  (i.e.  dispersant  + binder  + plasticizer),  Wpi  the  weight  loss  due  to 
polymer  decomposition  during  the  test,  WPR  the  weight  of  polymer  remaining  after  the 
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test,  and  Wpp  is  the  final  wt%  of  polymer  remaining  in  the  tape  relative  to  the  ceramic 
powder  weight  after  the  test.  For  this  experiment,  the  initial  weight  variables  represent 
the  weight  prior  to  the  TGA/DTA  test,  and  the  value  of  the  other  variables  is  based  on 
data  acquired  after  heating  to  600°C  during  the  TGA/DTA  test.  Use  of  equations  4.1 
and  4.2  to  determine  residual  polymer  content  after  burnout  during  TGA/DTA 
requires  the  assumption  that  the  solvents  used  in  the  slips  for  tape  casting  have 
evaporated  sufficiently  that  they  do  not  contribute  significantly  to  the  weight  of  the 
tape  prior  to  burnout. 

Table  4.7  lists  the  amount  of  polymer  remaining  after  the  TGA/DTA  specimen 
has  reached  600°C  and  remained  isothermal  1.0  min  for  Si3N4-Butvar  and  ShN^ 
Elvacite  tapes  in  both  flowing  air  and  nitrogen  atmospheres.  The  results  listed  in 
Table  4.7  indicate  that  after  pyrolysis  to  600°C  in  nitrogen,  the  residual  polymer  to 
ceramic  powder  ratio  in  the  tape  (Wpp)  is  less  when  using  the  Elvacite  (PMMA) 
polymeric  system  than  when  using  the  Butvar  (PVB)  polymeric  system.  This  was  true 
even  though  a greater  polymer  to  ceramic  weight  ratio  was  required  to  produce  a 
strong  tape  using  the  Elvacite  polymeric  system  than  was  required  using  the  Butvar 
polymeric  system.  For  this  reason,  the  Elvacite  polymeric  system  was  selected  for  use 
in  all  tapes  cast  for  use  in  composite  materials  fabricated  for  this  study. 

Figure  4.9  shows  the  TGA  results  for  the  Cr-Elvacite  (PMMA)  tape  heated  in 
both  flowing  air  and  flowing  nitrogen  atmospheres.  The  TGA  curves  in  Figure  4.9 
indicate  that  in  either  air  (solid  line)  or  nitrogen  (dashed  line)  atmosphere,  the  Elvacite 
polymeric  system  is  removed  from  the  Cr-Elvacite  tape  in  what  appears  to  be  a two 
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Table  4.7.  Polymer  weight  loss  data  from  TGA/DTA  experiments  at  600°C. 


Powder 

Type 

Binder 

System 

Atmosphere 

Wco  (g) 

WP0  (g) 

WPL  (g) 

awPF  (%) 

Si3N4 

Butvar 

Air 

87.1 

12.9 

12.9 

0.00 

Si3N4 

Butvar 

Nitrogen 

87.1 

12.9 

12.6 

0.40 

Si3N4 

Elvacite 

Air 

81.5 

18.5 

18.5 

0.00 

Si3N4 

Elvacite 

Nitrogen 

81.5 

18.5 

18.4 

0.12 

Calculated  using  equations  4.1  and  4.2. 
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Figure  4.9.  The  TGA  curves  for  Cr  tape  with  Elvacite  (PMMA)  binder  heated  in  air  or 
nitrogen  atmosphere.  The  solid  curve  represents  the  TGA  data  when  heated  in  air  and 
the  dashed  line  represents  the  TGA  data  when  heated  in  nitrogen.  The  TGA  data  are 
normalized  to  the  weight  of  the  Cr  powder,  so  that  100  wt%  represents  all  polymer 
and  metal  powder  are  present  and  0.0  wt%  only  the  metal  powder  is  present. 
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stage  process,  similar  to  the  decomposition  process  exhibited  by  the  Si3N4-Elvacite 
tapes  shown  in  Figure  4.8.  The  decomposition  of  the  Elvacite  polymeric  system 
commences  at  ~125°C  and  incurs  a change  in  the  rate  of  decomposition  at  ~250°C. 
The  fact  that  this  two  stage  decomposition  mechanism  occurs  in  both  the  Si3N4- 
Elvacite  and  Cr-Elvacite  tapes  is  evidence  that  this  mechanism  occurs  as  previously 
hypothesized,  as  two  single  stage  decomposition  mechanisms,  whereby  one  stage 
involves  the  decomposition  of  the  Elvacite  binder  and  the  other  stage  involves 
decomposition  of  the  n-butyl  phthalate  plasticizer,  and  not  as  a result  of  surface 
reactions  with  the  ceramic  or  metallic  powder. 

The  TGA  curves  in  Figure  4.9  show  that,  similar  to  the  pyrolysis  behavior  of 
the  Si3N4-Elvacite  tape,  decomposition  reactions  in  the  Cr-Elvacite  tape  occur  at 
greater  temperatures  in  the  non-oxidizing,  nitrogen  atmosphere  than  in  the  oxidizing, 
air  atmosphere.  The  primary  difference  between  the  TGA  curves  for  the  Cr-Elvacite 
tapes  shown  in  Figure  4.9,  relative  to  the  TGA  curves  for  the  Si3N4-Elvacite  tapes 
shown  in  Figure  4.8,  is  the  significant  weight  gain  the  Cr-Elvacite  tapes  undergo  when 
heated  in  either  air  or  flowing  nitrogen.  This  is  attributed  to  the  propensity  of 
chromium  to  form  oxide  and  nitride  compositions  when  exposed  to  air  or  nitrogen, 
respectively,  at  elevated  temperatures.  The  appearance  of  the  TGA  in  air  curve  (solid 
line)  shown  in  Figure  4.9  indicates  that  the  onset  of  oxidation  of  the  chromium  powder 
occurs  before  the  polymers  are  completely  removed.  The  appearance  of  the  TGA  in 
nitrogen  curve  (dashed  line)  indicates  that  the  onset  of  nitridation  of  the  chromium 
powder  occurs  after  most  of  the  polymers  are  removed. 
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Figure  4.10  shows  TGA  curves  for  chromium  powder,  without  the  presence  of 
polymeric  additives,  heated  in  either  flowing  air  or  flowing  nitrogen  atmosphere. 
These  curves  expose  the  effects  of  atmosphere  and  temperature  on  the  chromium 
powder  without  the  presence  of  polymeric  additives.  It  is  apparent  from  the  curves 
shown  in  Figure  4.10  that  the  onset  of  oxidation  of  the  chromium  powder  occurs  at 
~200°C,  while  the  onset  of  nitridation  of  the  chromium  powder  does  not  occur  until 
the  temperature  exceeds  ~500°C.  As  a result  of  these  findings,  since  a non-oxidative 
atmosphere  is  preferred  for  removal  of  the  polymeric  additives  used  to  form  the 
composite  specimens  for  this  study,  the  maximum  temperature  used  for  removal  of  the 
polymeric  additives  was  limited  to  500°C.  It  is  apparent  in  the  nitrogen  pyrolysis 
curves  for  Si3N4-Elvacite  tapes  shown  in  Figure  4.8  and  for  Cr-Elvacite  tapes  shown 
in  Figure  4.9  that  a significant  amount  of  the  polymeric  additives  which  may  be 
removed  in  a nitrogen  atmosphere  are  removed  upon  heating  to  ~500°C. 

As  a result  of  the  data  obtained  from  the  TGA/DTA  experiments,  the  following 
procedure  was  employed  for  removal  of  the  polymeric  additives  from  the  composites 
fabricated  for  this  study:  (1)  l°C/min  ramp  up  to  200°C  and  hold  3 hours,  (2)  l°C/min 
ramp  up  to  300°C  and  hold  for  3 hours,  (3)  l°C/min  ramp  up  to  500°C  and  hold  for  1 
hour,  and  (4)  ramp  down  to  room  temperature  at  a rate  of  ~0.5°C/min.  The  burnout 
process  was  performed  using  either  flowing  nitrogen  or  ultra-high  purity  argon 
atmosphere.  Hot-pressing  was  performed  using  the  same  atmosphere  as  used  in  the 
burnout  for  selected  composites.  The  processing  atmosphere  was  correlated  to  the 
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Figure  4.10.  The  TGA  curves  for  Cr  powder  with  no  polymer  present  heated  in  air  or 
nitrogen  atmosphere.  The  solid  curve  represents  the  TGA  data  when  heated  in  air  and 
the  dashed  line  represents  the  TGA  data  when  heated  in  nitrogen. 
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mechanical  properties  of  the  composites  in  order  to  evaluate  the  effect  of  nitridation  of 
the  chromium  during  processing  on  mechanical  behavior  of  the  composites. 

4.3.5  Densification 

Figure  4.1 1 shows  densification  curves  which  are  plotted  as  linear  shrinkage  in 
the  direction  of  applied  force,  AL/Lo,  versus  hot-pressing  time  for  ShlSU-Cr  composites 
hot-pressed  at  1500°C  in  a nitrogen  atmosphere  (solid  circles)  and  an  argon 
atmosphere  (open  circles)  and  Si3N4-Ta  composites  hot-pressed  in  an  argon 
atmosphere  at  1500°C  (solid  diamonds)  and  at  1520°C  (open  diamonds).  Each  curve 
represents  the  linear  shrinkage  of  the  specimen  once  the  maximum  temperature  has 
been  reached.  The  form  that  the  curves  exhibit  is  typical  of  densification  curves, 
whereby  the  shrinkage  rate  is  a maximum  in  the  early  stages  of  densification  and  the 
shrinkage  rate  decreases  as  densification  proceeds  [95-97]. 

The  total  densification  recorded  for  the  SisISLt-Cr  composites  is  greater  than 
that  recorded  for  the  Sk^-Ta  composites.  This  is  a result  of  using  pre-densified 
tantalum  foil  in  the  S^N^Ta  composites  and  green  chromium  tapes  in  the  S^N^Cr 
composites.  Since  the  tantalum  foil  is  dense  prior  to  hot-pressing,  only  the  SislSU 
densifies  in  the  S^Nzt-Ta  composites.  By  contrast,  both  the  green  SFN4  and  chromium 
tapes  densify  during  hot-pressing  of  the  ShlSLj-Cr  composites,  resulting  in  greater 
overall  linear  shrinkage  in  the  Si3N4-Cr  specimens  relative  to  the  Si3N4-Ta  specimens 
during  hot-pressing. 

Polished  cross-sections  of  the  successfully  processed  composites  are  shown  in 
Figure  4.12.  Notice  that  the  interfaces  are  well  formed.  However,  there  are 
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Figure  4.11.  Densification  curves  showing  linear  shrinkage,  AL/Lo,  versus  hot- 
pressing  time  for  Si3N4-Cr  composites  hot-pressed  at  1500°C  in  a nitrogen  atmosphere 
(solid  circles)  and  an  argon  atmosphere  (open  circles),  and  S^N^Ta  composites  hot- 
pressed  in  an  argon  atmosphere  at  1500°C  (solid  diamonds)  and  at  1520°C  (open 
diamonds). 
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Figure  4.12  Cross-section  views  of  successfully  fabricated  composite  specimens,  (a) 
Si3N4-Ta,  (b)  Si3N4-Mo,  (c)  Si3N4-Cr,  and  (d)  Si3N4-Ti. 
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differences  that  resulted  from  the  different  properties  of  the  layers,  processing 
temperatures  and  times,  and  the  atmosphere  in  which  they  were  processed.  For 
example,  in  the  S^N^Ti  composites  a reaction  zone  has  formed  which  most  likely  is 
detrimental  to  the  mechanical  properties.  The  metallic  layers  in  the  S^N^Cr  and 
Si3N4-Ti  laminates  have  a rough  appearance  after  polishing  which  is  likely  a result  of 
large  grain  pull-out.  The  roughness  is  not  present  on  the  S^N^Ta  and  Si3N4-Mo 
laminates.  The  large  grains  being  pulled  out  of  the  Si3N4-Cr  and  Si3N4-Ti  are  also 
likely  detrimental  to  the  mechanical  properties.  The  next  two  chapters  are  devoted  to 
the  characterization  of  the  composite  structures.  Chapter  5 will  emphasize  the 
chemical  and  microstructural  characterization  and  Chapter  6 will  focus  on  the 
mechanical  characterization. 

4,4  Summary 

A processing  method  has  been  developed  for  formation  of  silicon  nitride- 
metallic  multilayer  composites.  The  process  involves  (1)  tape  casting  individual 
ceramic,  metallic,  and  mixed-powder  interlayer  tapes,  (2)  punching  disks  from  the 
silicon  nitride  tapes,  metallic  tapes,  interlayer  tapes,  and  metallic  foil,  (3)  stacking  any 
number  of  disks  in  the  appropriate  order  to  result  in  the  desired  composite  layer 
thickness,  and  structure,  (4)  laminating  the  stack  together  using  elevated  temperature 
and  pressure,  (5)  pre-sintering  to  remove  polymeric  additives,  (6)  hot-pressing  to 
facilitate  densification,  and  (7)  grinding,  slicing,  and  polishing  specimens  from  the 
laminate  composite  disk.  This  process  has  been  used  to  successfully  fabricate  silicon 
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nitride-metallic  composites  using  the  following  metallic  materials:  (1)  chromium  tape, 
(2)  titanium  foil,  (3)  molybdenum  foil,  and  (4)  tantalum  foil. 


CHAPTER  5 

CHEMICAL  AND  MICROSTRUCTURAL  ANALYSIS 

5 . 1 Introduction 

The  chemical  and  microstructural  properties  of  silicon  nitride-metallic  laminates 
were  investigated  to  elucidate  processing-microstructure-property  relationships. 
Scanning  electron  microscopy  (SEM),  energy  dispersive  X-ray  (EDX)  analysis,  and 
wavelength  dispersive  X-ray  (WDX)  analysis  were  employed  to  examine  the 
microstructure  and  chemical  composition  of  interface  regions  of  SLN^metallic 
laminates.  X-ray  diffraction  (XRD)  was  used  to  investigate  which  elements  and  phases 
were  present  in  composite  structures  after  processing  was  complete.  The  silicon  nitride 
tensile  surfaces  of  laminates  were  plasma-etched  and  examined  by  SEM  to  investigate 
microstructural  characteristics.  The  elemental,  phase  and  microstructural  information 
provided  a detailed  description  of  the  chemical  composition  and  microstructure  of  the 
laminates. 

5.2  Experimental  Procedure 

5.2.1  Interface  analysis 

The  polished  surface  of  the  SLN^metallic  interface  region  of  each  type  of 
laminate  composite  was  examined  by  SEM  (SEM  800,  Hitachi,  Ltd.,  Tokyo)  to  evaluate 
the  effect  of  laminate  fabrication  technique,  i.e.  thin  interlayer  tape,  thick  interlayer  tape 
or  metallic  foil  layers,  on  the  morphology  of  the  interface  microstructure.  The 
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EDX  (SEM  800,  Hitachi,  Ltd.,  Tokyo)  elemental  dot  mapping  was  used  to  investigate 
the  elemental  composition  of  the  interface  region  of  a polished  Si3N4-Cr  laminate. 
Because  of  the  difficulty  in  differentiating  the  silicon  and  tantalum  spectra  using  EDX, 
WDX  (Superprobe  733,  JEOL,  Tokyo)  elemental  dot  mapping  was  employed  to 
investigate  the  elemental  composition  of  the  interface  region  of  a polished  Si3N4-Ta 
laminate.  The  EDX  and  WDX  elemental  dot  mapping  enabled  investigation  of  the 
nature  of  elemental  mobility  in  the  interface  region  for  the  Si3N4-Ta  and  Si3N4-Cr 
laminates.  For  all  specimens  examined  by  SEM,  EDX,  and  WDX  the  specimen  surface 
was  sputter-coated  with  carbon  to  impart  conductivity  to  the  surface. 

5.2.2  Microstructural  analysis 

Investigation  of  the  phases  present  in  Si3N4-Cr,  Si3N4-Ti,  and  Si3N4-Ta 
laminates  was  accomplished  by  performing  XRD  on  polished  laminate  cross-sections 
(Vertical  2-Theta:Theta  X-Ray  Goniometer,  Scintag  Inc.,  Cupertino,  CA).  The  XRD 
was  performed  using  45  kV  voltage,  40  mA  current,  and  a copper  target.  The 
goniometer  was  programmed  to  scan  angles  20  = 10-70°  using  a step  size  of  0.02°.  The 
XRD  spectra  were  analyzed  and  principal  phases  evaluated  using  diffraction  pattern 

analysis  and  phase  identification  software  (Jade  5.0,  Materials  Data  Inc.,  Livermore, 
CA). 

The  silicon  nitride  surfaces  of  polished  Si3N4-Cr  and  Si3N4-Ta  laminates  were 
plasma-etched  (Plasma  Prep  II,  Structure  Probe,  Inc.,  West  Chester,  PA)  using  a 
mixture  of  carbon  tetrafluoride  and  oxygen  atmosphere  for  2-3  minutes.  The  flow  rates 
were  4.7  standard  liters  per  minute  (SLPM)  of  carbon  tetrafluoride  and  0.5  SLPM  of 
oxygen.  Etched  surfaces  were  then  examined  by  SEM.  The  plasma  etch  procedure 
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selectively  removes  the  silicon  nitride  crystalline  phase,  leaving  the  amorphous  grain- 
boundary phase  intact.  This  process  reveals  the  size  and  shape  of  the  grains  in  the 
microstructure. 

5.3  Results  and  Discussion 

5.3.1  Interface  morphology 

Figures  5.1(a)  and  (b)  show  SEM  images  of  the  chromium  layer  of  a Si3N4-Cr 
laminate  with  a thin  interface  region  (~25  pm),  and  Figures  5.1(c)  and  (d)  show  the 

chromium  layer  of  a Si3N4-Cr  laminate  with  a thick  interface  region  (~60  pm).  High 
magnification  views  of  the  thin  and  thick  interface  regions  of  the  are  shown  in  Figures 
5.1(b)  and  (d),  respectively.  The  dark-gray  regions  are  the  silicon  nitride  layers  and  the 
light-gray  regions  are  the  chromium  layers.  For  the  purposes  of  this  discussion,  the 
Si3N4-Cr  interface  region  is  defined  as  the  region  between  the  silicon  nitride  and 
chromium  layers  within  which  there  is  a mixture  of  light  and  dark  regions.  The  thin 
interfacial  region  (~25  gm)  shown  in  Figure  5.1(b)  resulted  from  placing  a thin  Si3N4-Cr 
mixed-powder  interlayer  tape  between  the  silicon  nitride  and  chromium  layer  tapes. 
The  thick  interface  layer  (~60  pm)  shown  in  Figure  5.1(d)  resulted  from  placing  a thick 

Si3N4-Cr  mixed-powder  interlayer  tape  between  the  silicon  nitride  and  chromium  layer 
tapes. 

Figures  5.1(a)  and  (b)  show  that  large  portions  of  material  were  pulled  out  of  the 
chromium  layer  of  the  Si3N4-Cr  laminate  during  polishing.  It  is  likely  that  the  portions 
of  material  which  were  removed  from  the  chromium  layer  were  large  grains.  The 
relatively  large  particle  size  (44  pm  diameter)  of  the  chromium  powder  used  to  form 
these  layers  is  likely  the  reason  for  the  presence  of  large  grains  in  the  microstructure. 
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Figure  5.1.  SEM  images  of  chromium  layers  of  (a)  and  (b)  a Si3N4-Cr  laminate  with  a 
thin  interface  region  and  (c)  and  (d)  a Si3N4-Cr  laminate  with  a thick  interface  region. 
High  magnification  views  of  the  thin  and  thick  interface  regions  of  the  are  shown  in  (b) 
and  (d),  respectively.  The  dark-gray  regions  are  the  silicon  nitride  layers  and  the  light- 

gray  regions  are  the  chromium  layers.  Arrows  point  to  regions  of  grain  pull-out  during 
polishing. 
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Figure  5.2(a)  shows  an  SEM  image  of  a titanium  layer  of  a Si3N4-Ti  laminate. 
A high  magnification  view  of  the  Si3N4-Ti  interface  region  is  shown  in  Figure  5.2(b). 
The  dark-gray  regions  are  the  silicon  nitride  layers  and  the  light-gray  regions  are  the 
titanium  layers.  It  is  apparent  from  the  images  of  the  Si3N4-Ti  laminate  shown  in 
Figures  5.2(a)  and  (b)  that  there  is  a reaction  region  with  a thickness  of  -375  pm, 
relative  to  a total  apparent  thickness  of  the  titanium  layer  (including  the  reaction  region) 
of -750  pm.  The  reaction  region  occupies  -50%  of  total  volume  of  the  titanium  layer. 
This  indicates  that  reaction  between  the  titanium  foil  and  the  silicon  nitride  tape  during 
processing  was  extensive.  Similar  to  the  large  damage  sites  visible  on  the  polished 
surface  of  the  Si3N4-Cr  laminate  shown  in  Figure  5.1,  the  large  damage  sites  present  in 
the  titanium  layer  of  the  polished  Si3N4-Ti  laminate  shown  in  Figure  5.2  are  evidence  of 
large  grain  pull-out  during  polishing. 

Figure  5.3(a)  shows  an  SEM  image  of  a molybdenum  layer  of  a Si3N4-Mo 
laminate.  A high  magnification  view  of  the  Si3N4-Mo  interface  region  is  shown  in 
Figure  5.3(b).  The  dark-gray  regions  are  the  silicon  nitride  layers  and  the  light-gray 
regions  are  the  molybdenum  layers.  Figure  5.3(b)  shows  that  the  interface  region  is  not 
comprised  of  the  interspersed  light-  and  dark-gray  regions  which  developed  in  the 
Si3N4-Cr  and  Si3N4-Ti  laminate  interfaces.  Rather,  the  interface  appears  to  be 
structurally  similar  to  the  molybdenum  region  with  only  slight  changes  in  grayscale 
imaged  by  the  SEM.  The  Si3N4-Mo  interface  region  appears  to  be  —13  pm  thick, 
significantly  less  thick  than  that  of  the  Si3N4-Ti  laminate.  There  is  evidence  of  limited 
microcracking  and  variations  in  surface  topography  in  the  Si3N4-Mo  interface  region. 
However,  the  molybdenum  layer  does  not  show  the  large  grain  pull-out  during 
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Figure  5.2.  SEM  images  of  (a)  a titanium  layer  of  a Si3N4-Ti  laminate  and  (b)  a high 
magnification  view  of  the  SfN^Ti  interface  region.  The  dark-gray  regions  are  the 
silicon  nitride  layers  and  the  light-gray  regions  are  the  metallic  layers.  Arrows  point  to 
regions  of  grain  pull-out  during  polishing. 
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Figure  5.3.  SEM  images  of  (a)  a molybdenum  layer  of  a Si3N4-Mo  laminate  and  (b)  a 
high  magnification  view  of  the  Si3N4-Mo  interface  region.  The  dark-gray  regions  are 
the  silicon  nitride  layers  and  the  light-gray  regions  are  the  metallic  layers. 


75 


polishing  which  was  evident  on  the  surface  of  the  Si3N4-Cr  and  Si3N4-Ti  laminates. 
These  observations  support  the  supposition  that  the  reaction  between  the  silicon  nitride 
and  molybdenum  layers  was  less  than  that  which  occurred  with  the  chromium  and 
titanium. 

Figure  5.4(a)  shows  an  SEM  image  of  a tantalum  layer  of  a Si3N4-Ta  laminate. 
A high  magnification  view  of  the  Si3N4-Ta  interface  region  is  shown  in  Figure  5.4(b). 
The  dark-gray  regions  are  the  silicon  nitride  layers  and  the  light-gray  regions  are  the 
tantalum  layers.  Similar  to  the  appearance  of  the  Si3N4-Mo  interface.  Figure  5.4(b) 
shows  that  the  Si3N4-Ta  interface  region  is  not  comprised  of  interspersed  light-  and 
dark-gray  regions,  and  the  Si3N4-Ta  interface  appears  to  be  structurally  similar  to  the 
remainder  of  the  tantalum  layer  with  only  slight  changes  in  grayscale  imaged  by  the 
SEM.  The  Si3N4-Ta  interface  region  is  ~5  pm  thick,  the  least  thick  of  the  laminates 
fabricated  for  this  study.  There  is  less  evidence  of  microcracking  and  variation  in 
surface  topography  in  the  Si3N4-Ta  interface  region  than  occurred  in  the  Si3N4-Mo. 
These  factors  are  evidence  that  the  reaction  between  the  silicon  nitride  and  tantalum 
layers  was  minimal,  and  less  than  that  which  occurred  with  the  other  types  of  laminates. 
5.3.2  Interface  composition 

In  addition  to  the  interlayer  region,  there  is  another  apparent  change  of  structure 
in  the  chromium  layer  evident  from  the  change  in  grayscale  of  the  region  within  the 
boundaries  of  the  two  interface  regions  shown  in  the  SEM  images  in  Figures  5.1(a)  and 
(b).  The  elemental  composition  of  the  light  gray  region  in  the  chromium  layer  which  is 
nearest  the  interface  region  and  the  darker  gray  region  which  is  in  the  center  were 
investigated  using  EDX  analysis.  The  analysis  was  performed  in  a semi-quantitative 
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Figure  5.4.  SEM  images  of  (a)  a tantalum  layer  of  a S^Nzt-Ta  laminate  and  (b)  a high 
magnification  view  of  the  SfNzt-Ta  interface  region.  The  dark-gray  regions  are  the 
silicon  nitride  layers  and  the  light-gray  regions  are  the  metallic  layers. 
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manner  by  scanning  the  same  size  area  in  each  region  under  identical  test  conditions  (10 
kV  and  200  s).  The  spectra  which  were  acquired  from  the  light  gray  outer  region  and 
the  darker  gray  center  region  showed  similar  peaks  for  CrKa  (high  intensity)  and  CrKpi 
(low  intensity).  However,  the  spectrum  acquired  from  the  light  gray  outer  region 
showed  a medium  intensity  SiKa  peak  which  was  not  present  on  the  spectrum  acquired 
from  the  dark  gray  center  region.  The  difference  in  the  two  spectra  indicates  that  the 
light  gray  outer  region  had  a greater  silicon  content  than  the  darker  gray  center  region. 
The  difference  in  average  atomic  weight  of  the  two  regions  resulting  from  the 
difference  in  silicon  content  is  likely  the  reason  for  the  difference  in  grayscale  detected 
by  the  SEM. 

The  absence  of  this  distinct  region  of  change  in  structure  on  the  cross-section 
surface  of  the  Si3N4-Cr  laminate  shown  in  Figures  5.2(a)  and  (b)  may  be  a result  of  the 
fabrication  technique.  Two  thin  pure  chromium  tape  disks  were  used  to  form  the 
metallic  region  inside  of  the  interlayer  regions  of  the  composite  shown  in  Figures  5.1(a) 
and  (b).  However,  one  thick  pure  chromium  tape  disk  was  used  to  form  the  metallic 
region  inside  of  the  interlayer  regions  of  the  composite  shown  in  Figures  5.2(a)  and  (b). 

Figure  5.5(a)  shows  an  SEM  image  of  an  interlayer  region  of  a Si3N4-Cr 
laminate.  Figures  5.5(b)  and  (c)  show  EDX  elemental  dot  maps  acquired  from  the  same 
interlayer  region  for  chromium  and  silicon,  respectively.  For  the  purpose  of  this 
discussion,  the  region  between  the  white  lines  on  the  SEM  and  EDX  dot  map  images  is 
defined  as  the  location  of  the  macroscopic  Si3N4-Cr  interface  region  because  both 
silicon  and  chromium  elements  are  present  in  this  region.  The  macroscopic  Si3N4-Cr 


interface  region  is  —30  pm  thick. 
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Figure  5.5.  Elemental  dot  mapping  results  for  an  interlayer  region  of  a Si3N4-Cr 
composite,  (a)  SEM  image  of  the  interlayer  region,  (b)  EDX  dot  map  for  chromium,  and 
(c)  EDX  dot  map  for  silicon.  The  region  within  the  white  lines  is  defined  as  the 
location  of  the  macroscopic  silicon  nitride-chromium  interface. 
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Figure  5.6(a)  shows  an  SEM  image  of  a Si3N4-Ta  interface  region.  Figures 
5.6(b-d)  show  WDX  elemental  dot  maps  of  the  same  interlayer  region.  The 
macroscopic  interface  region  is  defined  as  the  region  between  the  white  lines  because  of 
the  difference  in  appearance  of  this  region  relative  to  the  silicon  nitride  and  tantalum 
materials  which  are  located  on  either  side.  It  was  shown  in  greater  detail  in  the  high 
magnification  SEM  image  shown  in  Figure  5.4(b)  that  the  surface  of  this  region  has 
variations  in  topography.  The  macroscopic  Si3N4-Ta  interface  region  is  ~5  pm  thick. 

It  is  apparent  from  the  WDX  dot  map  images  shown  in  Figures  5.6(b-d)  that  a 
diffusion  bond  has  likely  formed  in  the  interface  region  [44,  45,  66].  Tantalum,  silicon 
and  nitrogen  atoms  have  diffused  from  the  monolithic  materials  into  the  interface 
region,  forming  a bond  which  results  in  a consolidated  interface  region,  shown  in  Figure 
5.6(a),  during  processing.  The  interface  was  formed  during  processing  without  the  aid 
of  a Si3N4-Ta  interlayer  tape  placed  between  the  silicon  nitride  and  tantalum  layer, 
indicating  that  diffusion  of  chemical  species  across  the  interface  region  has  occurred.  It 
is  apparent  from  comparison  of  Figures  5.6(c)  and  (d)  that  the  silicon  has  diffused 

further  into  the  interface  region  than  the  nitrogen. 

Figure  5.7(a)  shows  X-ray  intensity  line-scan  data  for  silicon  and  tantalum 
across  the  Si3N4-Ta  interface  region  shown  in  Figure  5.6(a).  The  center  of  the  line-scan 
coincided  with  the  center  of  the  two  white  lines  which  indicate  the  macroscopic 
interface  region  in  Figure  5.6(a).  Figure  5.7(b)  shows  a typical  concentration-distance 
curve  for  diffusion  from  a semi-infinite  source  of  initial  concentration  CQ,  according  to 
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Figure  5.6.  Elemental  dot  mapping  results  for  an  interlayer  region  of  a S^N^Ta 
composite,  (a)  SEM  image  of  the  interlayer  region,  (b)  WDX  dot  map  for  tantalum,  (c) 
WDX  dot  map  for  nitrogen,  and  (d)  WDX  dot  map  for  silicon.  The  region  within  the 
white  lines  is  defined  as  the  location  of  the  macroscopic  silicon  nitride-tantalum 
interface. 
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where  Cs  is  the  constant  concentration  of  the  surface  from  which  diffusion  occurs,  x the 
distance,  t the  time,  C(x,t)  the  concentration  at  x and  t,  and  D the  diffusion  coefficient. 
For  diffusion  as  a thermally  activated  process,  D is  defined  as 
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where  R is  the  gas  constant,  T the  absolute  temperature,  Q the  experimentally 
determined  activation  energy,  and  D0  a constant  related  to  the  jump  distance  and  jump 
frequency  for  atoms  in  the  lattice  structure.  The  shape  of  the  silicon  and  tantalum 
concentration-distance  curves  are  similar  to  the  shape  of  the  typical  concentration- 
distance  curve  for  diffusion  from  a semi-infinite  source  of  initial  concentration.  Even 

though  the  axes  are  not  identically  defined,  because  x « ~J~Dt , the  similarity  in  shape  of 
the  two  curves  is  evidence  that  the  bond  which  has  formed  at  the  Si3N4-Ta  interface  is 
likely  formed  via  diffusion  [96]. 

Figures  5.8  and  5.9  show  graphs  of  log  concentration  versus  the  square  of  the 
diffusion  distance  extrapolated  from  the  linear  portion  of  the  line-scan  data  shown  in 
Figure  5.7(a)  for  tantalum  and  silicon,  respectively.  Linear  regression  has  been 
performed  on  the  data  from  each  graph  and  the  regression  lines  and  parameters  are 
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Figure  5.7.  Graphs  of  (a)  X-ray  intensity  line-scan  data  for  silicon  (dotted  line)  and 
tantalum  (solid  line)  across  the  interface  region  shown  in  Figure  5.6  and  (b)  a typical 
concentration-distance  curve  for  diffusion  from  a semi-infinite  source  of  initial 
concentration  C0. 
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Figure  5.8.  Graph  of  the  log  of  tantalum  concentration  versus  the  square  of  the 
diffusion  distance  extrapolated  from  the  linear  portion  of  the  line-scan  data  shown  in 
Figure  5.7(a).  A linear  regression  line  and  parameters  are  shown. 


84 


x2  (jam2) 


Figure  5.9.  Graph  of  the  log  of  silicon  concentration  versus  the  square  of  the  diffusion 
distance  extrapolated  from  the  linear  portion  of  the  line-scan  data  shown  in  Figure 
5.7(a).  A linear  regression  line  and  parameters  are  shown. 
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shown.  The  linear  nature  of  the  penetration  curves  shown  in  Figures  5.8  and  5.9  is 
consistent  with  a that  of  a diffusion-controlled  process  [96]. 

5.3.3  X-ray  diffraction 

Figure  5.10  shows  the  XRD  spectrum  acquired  from  the  polished  cross-section 
surface  of  a S^N^Cr  laminate.  The  spectrum  shows  that  the  principal  phases  present  in 
the  microstructure  are  a-SisN4  (up-pointing  triangles),  P-SFN4  (down-pointing 
triangles),  Cr  (circles),  and  C^Si  (squares).  Peaks  are  present  which  were  unable  to  be 
identified  (diamond  symbols).  The  a-Si3N4  peaks  show  the  greatest  intensity, 
indicating  that  it  is  likely  present  in  the  greatest  quantity.  The  a-Si3N4  peaks  show 
greater  intensity  than  the  P-Si3N4  peaks,  indicating  that  a greater  percentage  of  the 
silicon  nitride  is  present  as  a-Sh^.  The  greater  concentration  of  a-S^lXt  relative  to  p- 
SisN4  in  the  microstructure  is  expected  based  on  the  relatively  low  processing 
temperature  [8,  11]. 

The  low  intensity  of  the  pure  chromium  peak  which  is  visible  at  20  ~ 64.5°  as  a 
small  shoulder  on  the  left  side  of  the  a-Si3N4  peak  at  20  ~ 65°  indicates  that  only  a 
small  amount  of  chromium  remains  in  the  microstructure  after  processing.  The  pure 
chromium  metal  is  transformed  by  reaction  with  the  silicon  nitride  at  elevated 
processing  temperatures  to  C^Si,  for  which  peaks  with  greater  intensity  are  observed  at 
-27.8°,  41.5°,  and  49°.  The  XRD  data  indicate  that  extensive  reaction  has  occurred 
between  the  chromium  metal  and  silicon  nitride  resulting  in  a lesser  quantity  of 
elemental  chromium  and  a greater  quantity  of  C^Si  being  present  in  the  laminate 
microstructure  following  processing.  The  extensive  reaction  and  brittle  intermetallic 
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Figure  5.10.  X-ray  diffraction  spectrum  of  a Si3N4-Cr  laminate  cross-section  showing 
the  principal  phases  present  in  the  microstructure,  (a)  oc-Si3N4,  (▼)  (3-Si3N4,  (#)  Cr,  (■) 

Cr3Si,  and  (♦)  unidentified  peaks. 
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reaction  product,  Cr3Si,  is  likely  detrimental  to  the  mechanical  properties  of  the 
laminate. 

Figure  5.11  shows  the  XRD  spectrum  acquired  from  the  polished  cross-section 
surface  of  a Si3N4-Ti  laminate.  The  spectrum  shows  that  the  principal  phases  present  in 
the  microstructure  are  a-Si3N4  (up-pointing  triangles),  P-Si3N4  (down-pointing 
triangles),  TiN  (circles),  and  Ti2N  (squares).  Similar  to  the  spectra  shown  for  Si3N4-Cr, 
the  a-Si3N4  peaks  show  the  greatest  intensity,  followed  by  the  P-Si3N4  peaks,  and 
finally  the  intermetallic  peaks  for  TiN  and  Ti2N,  Indicating  that  the  greatest  percentage 
of  the  microstructure  of  the  laminate  is  present  as  a-Si3N4. 

There  were  no  peaks  evident  for  pure  titanium  in  the  spectrum  acquired  from  the 
Si3N4-Ti  laminate  shown  in  Figure  5.11.  Peaks  of  significant  intensity  were  present 
representing  TiN  at  20  ~ 36.4°  and  42.5°.  A peak  representing  Ti2N  was  evident  at 
-39.4°.  The  great  intensity  of  the  silicon  nitride  peaks,  the  presence  of  peaks  for  the 
intermetallic  compounds  of  TiN  and  Ti2N,  and  the  absence  of  pure  titanium  peaks 
combine  to  indicate  that  reaction  between  the  silicon  nitride  and  titanium  foil  was 
extensive.  In  fact,  it  was  apparent  by  observation  with  the  unaided  eye  and  using  an 
optical  microscope  that  the  reaction  region  observed  in  the  Si3N4-Ti  laminate  interlayer 
region,  and  shown  in  Figure  5.2,  was  gold  in  color,  indicative  of  the  presence  of  TiN. 
As  was  the  case  with  the  Si3N4-Cr  laminate,  the  extensive  reaction  between  the  silicon 
nitride  and  titanium,  and  the  resulting  brittle  intermetallic  compounds  TiN  and  Ti2N 
which  were  formed,  were  likely  detrimental  to  the  mechanical  properties  of  the  Si3N4-Ti 


laminate. 
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Figure  5.11.  X-ray  diffraction  spectrum  of  a S^N^Ti  laminate  cross-section  showing 
the  principal  phases  present  in  the  microstructure,  (a)  a-S^N^  (▼)  P-S^N^  (#)  TiN, 
and  (■)  Ti2N. 
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Figure  5.12  shows  an  XRD  spectrum  acquired  from  the  polished  cross-section 
surface  of  a Si3N4-Ta  laminate.  The  spectrum  shows  that  the  principal  phases  present  in 
the  microstructure  are  a-Si3N4  (up-pointing  triangles),  P-Si3N4  (down-pointing 
triangles),  and  tantalum  metal  (circles).  In  contrast  to  the  previous  spectra  shown  for 
Si3N4-Cr  and  Si3N4-Ti  laminates,  the  a-Si3N4  and  P-SEN4  peaks  do  not  show  the 
greatest  intensity.  The  fact  that  a large  amount  of  tantalum  metal  remains  after 
processing  with  silicon  nitride  is  evident  by  the  high  intensity  of  the  peaks  representing 

tantalum  at  20  ~ 38.5°,  55.5°,  and  69°. 

There  was  no  evidence  of  peaks  representing  the  following  intermetallic 
compounds:  TaN,  TaNo.4,  TaN2,  Ta2N,  I aSh.  TaSi3,  Ta2Si,  Ta3Si,  or  l a? Sis.  However, 
the  intermetallic  compounds  may  be  present  in  quantities  less  than  the  detection  limit  of 
XRD.  There  were  low  intensity  peaks  between  29  ~ 45°  and  50°  and  between  60°  and 
65°  which  remained  undefined  and  may  be  evidence  of  reaction  products.  However,  the 
XRD  spectrum  shown  in  Figure  5.12  indicates  that  minimal  reaction  occurred  between 
silicon  nitride  and  tantalum  during  processing. 

5.3.4  Microstructure 

Figure  5.13  shows  SEM  images  of  an  etched  silicon  nitride  microstructure  on 
the  polished  tensile  surface  of  a Si3N4-Cr  laminate  flexure  test  specimen.  The  etched 
microstructure  suggests  that  the  silicon  nitride  exists  primarily  as  a-Si3N4  phase, 
evident  from  the  relatively  equiaxed  shape  of  the  grains,  which  have  been  selectively 
removed  during  the  etching  process.  The  fact  that  a significant  proportion  of  sintering 
aids  (10  wt%)  was  utilized  to  facilitate  densification  via  liquid  phase  sintering  is  evident 
by  the  significant  proportion  of  amorphous  grain  boundary  phase  present  relative  to  the 
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Figure  5.12.  X-ray  diffraction  spectrum  of  a Si3N4-Ta  laminate  cross-section  showing 
the  principal  phases  present  in  the  microstructure,  (a)  a-Si3N4,  (▼)  (5-Si3N4,  and  (•)  Ta. 
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Figure  5.13.  SEM  images  of  an  etched  silicon  nitride  microstructure  on  the  tensile 
surface  of  a Si3N4-Cr  composite. 
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crystalline  Si3N4  phases.  The  microstructure  on  the  polished  silicon  nitride  tensile 
surfaces  of  other  Si3N4-metallic  laminates  showed  similar  features  in  regards  to  grain 
size,  grain  shape,  and  morphology  of  the  grain  boundary  phase  as  that  shown  in  Figure 
5.13. 

5.3.5  Residual  stress  state 

You  may  recall  from  discussion  in  Chapter  4,  that  the  result  of  the  coefficient  of 
thermal  expansion  (CTE)  mismatch  between  the  silicon  nitride  and  metallic  layers  was 
to  place  the  silicon  nitride  layers  under  in-plane  residual  compressive  stress  and  the 
metallic  layers  under  in-plane  residual  tensile  stress  after  cooling  from  the  hot-pressing 
temperature.  The  compressive  force  applied  by  the  in-plane  residual  stress  in  the  silicon 
nitride  layer  inhibits  the  propagation  of  radial  cracks  oriented  perpendicular  to  the  axis 
of  the  compressive  stress.  The  Poisson  effect  produces  a residual  tensile  stress  acting  in 
a direction  perpendicular  to  the  axis  of  the  in-plane  residual  compressive  stress  [45,  52, 
57],  which  results  in  an  increase  in  propagation  of  the  radial  cracks  parallel  to  the  axis 
of  in-plane  residual  stress. 

Figures  5.14(a)  and  (b)  show  indentations  formed  by  a diamond  Vickers 
indenter  tip  under  a load  of  9.8  N on  the  cross-section  and  tensile  surfaces  of  a Si3N4-Ta 
laminate,  respectively.  The  direction  of  the  in-plane  residual  stress  is  indicated  by 
arrows.  The  asymmetrical  nature  of  the  length  of  the  radial  cracks  emanating  from  the 
corners  of  the  indentation  is  apparent  in  Figure  5.14(a).  The  cracks  extending  in  the 
direction  parallel  to  the  layers  have  greater  length  than  the  cracks  extending  in  the 
direction  perpendicular  to  the  layers.  The  asymmetrical  nature  of  the  radial  cracking 
pattern  shown  in  Figure  5.14(a)  is  a result  of  the  in-plane  compressive  residual  stress 
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Figure  5.14.  Optical  photomicrographs  of  Vickers  indentations  placed  on  (a)  the  cross- 
section  surface  and  (b)  the  tensile  surface  of  the  outer  silicon  nitride  layer  of  a Si3N4-Ta 
laminate  using  a load  of  9.8  N.  Arrows  indicate  the  direction  of  residual  stress.  Arrows 
directed  towards  one  another  indicate  compression.  Dashed  lines  indicate  the 
orientation  of  the  interface. 
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field  which  the  silicon  nitride  layer  is  under  [45,  52,  57].  Under  uniform  residual  stress, 
the  length  of  the  radial  cracks  emanating  from  adjacent  corners  of  the  indentations  are 
approximately  equal,  due  to  the  uniform  stress  field,  as  shown  in  Figure  5.14(b). 

Chen  et  al.  [45]  showed  that  the  magnitude  of  the  residual  compressive  stress  in 
the  silicon  nitride  layer  can  be  estimated  from  the  measurement  of  the  change  in  the 
length  of  the  radial  cracks  emanating  from  the  corners  of  a Vickers  indentation.  When 
an  in-plane  residual  stress  field  exists  in  the  silicon  nitride  layers,  the  length  of  the 
radial  crack,  b *,  normal  to  the  residual  compression,  can  be  related  to  the  magnitude  of 

the  residual  stress,  o>,  by  [45] 
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where  Kic  is  the  mode  I fracture  toughness,  E the  elastic  modulus,  H the  hardness,  P the 
indentation  load,  an  empirical  constant  (£,  = 0.016),  and  Q a coefficient  related  to  the 
residual  stress  field  (Q  = 1.128  for  uniform  residual  stress  field).  The  average 
magnitude  of  the  residual  compressive  stress,  o>,  calculated  using  equation  5.3  and  the 
sizes  of  cracks  emanating  from  the  corners  of  Vickers  indentations  placed  on  the 
surface  of  the  outer  silicon  nitride  layer  of  a S^N^Ta  laminate  under  indentation  loads 


of  9.8  N and  49  N was  found  to  be  —109  ± 8 MPa. 
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5.4  Summary 

The  morphology  of  the  Si3N4-metallic  interface  region  was  dependent  on  the 
composition  of  metal  layer  used  (Cr,  Ti,  Mo,  or  Ta)  and  could  be  influenced  by  the 
thickness  of  a silicon  nitride-metallic  mixed-powder  interlayer  tape,  as  was  shown  for 
the  Sy^-Cr  laminates.  The  principal  phases  present  were  derived  from  the  silicon 
nitride  and  metallic  species  present,  since  processing  was  carried  out  in  an  inert 
atmosphere.  The  intermetallic  phases  which  resulted  from  reactions  between  the  silicon 
nitride  and  metallic  layers  occurred  to  different  extents  depending  on  the  composition  of 
metal  layer  involved.  Silicon  nitride  reacted  less  with  tantalum  and  molybdenum  than 
with  chromium  and  titanium.  The  silicon  nitride  exists  primarily  as  a-Si3N4  in  the 
microstructure,  with  some  p-SiiN.)  phase  present.  The  silicon  nitride  layers  are  under  an 
in-plane  residual  compressive  stress  field  due  to  the  CTE  mismatch  between  the  silicon 
nitride  and  metallic  materials  used  to  form  the  laminates. 


CHAPTER  6 

MECHANICAL  PROPERTY  CHARACTERIZATION 

6.1  Introduction 

Mechanical  characterization  involved  elastic  modulus,  hardness,  flexure  strength 
and  fracture  toughness  of  monolithic  Si3N4  and  Si3N4-metallic  composites. 
Fractography  was  performed  to  examine  failure  origins  and  modes  of  failure  produced 
by  flexure  testing.  The  average  flexure  strength  of  each  of  the  four  types  of  composites 
fabricated  was  determined.  The  Si3N4-Ta  composites  exhibited  the  highest  strength  of 
the  four  types  of  composites  tested.  The  Si3N4-Ta  composites  also  showed  the  highest 
value  of  apparent  toughness  by  work  of  fracture,  proportional  to  the  area  under  the  load 
displacement  curve.  Because  of  their  superior  mechanical  properties,  the  Si3N4-Ta 
composites  were  selected  for  further  evaluation  and  comparison  with  NBD-200,  a 
commercial  monolithic  silicon  nitride  bearing  material. 

6.2  Experimental  Procedure 

The  mechanical  properties  of  Si3N4-Cr  and  Si3N4-Ta  laminate  composites  were 
characterized  using  nanoindentation  and  Vickers  macro-indentation.  The 
nanoindentation  experiments  enabled  determination  of  the  elastic  modulus  and  hardness 
of  the  individual  layer  materials  and  interlayer  regions.  The  macro-indentation  tests 
were  employed  to  investigate  the  directional  nature  of  the  properties  of  a Si3N4-Ta 
laminate.  The  mechanical  properties  of  laminate  composites  were  evaluated 
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using  4-point  flexure  of  specimens  with  and  without  indentations  on  their  tensile 
surfaces.  The  4-point  flexure  experiments  enabled  evaluation  of  the  flexure  strength, 
sensitivity  of  the  strength  to  flaw  size,  fracture  toughness,  and  R-curve  behavior. 
Flexure  strength  was  calculated  using  simple  beam  theory  and  laminate  beam  theory, 
and  the  results  were  in  good  agreement  with  one  another.  Fracture  toughness  was 
calculated  using  four  different  techniques  and  the  results  were  tabulated  for  comparison 
to  one  another.  Optical  microscopy  and  SEM  were  used  to  examine  fracture  surfaces 
which  resulted  from  flexure  tests. 

6.2.1  Elastic  modulus  and  hardness  measurements 

Nanoindentation  experiments  (Nanoindenter®,  MTS  Nano  Instruments,  Inc., 
Knoxville,  TN)  were  performed  to  investigate  the  elastic  modulus  and  hardness  of 
Si3N4-Cr  and  Si3N4-Ta  laminate  composites.  The  nanoindentation  experiments  enabled 
determination  of  the  elastic  modulus  and  hardness  of  each  individual  layer  material  and 
the  property  gradient  across  each  interlayer  region  of  laminate  flexure  specimens  [98- 
99].  In  addition  to  the  quantitative  hardness  and  elastic  modulus  information, 
qualitative  information  concerning  ductile  or  brittle  deformation  behavior  can  be 
examined  using  nanoindentation. 

A diamond  Berkovich  indenter  tip  was  used  to  determine  quantitative  property 
measurements  and  a diamond  cube-corner  indenter  tip  was  used  to  obtain  qualitative 
information  concerning  ductile  or  brittle  behavior.  The  Berkovich  tip  has  a similar 
geometrical  configuration  as  a cube-corner  tip  except  that  the  angle  of  incidence  of  the 
three  sides  of  a Bercovich  tip  (30°)  is  less  than  that  of  the  three  sides  of  a cube-comer 
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tip  (90°).  Figure  6.1(a)  shows  an  indentation  formed  using  the  Bercovich  tip.  Figures 
6.1(b)  and  (c)  show  indentations  formed  using  a cube-corner  tip  on  a silicon  nitride 
layer  and  a chromium  layer,  respectively.  It  is  apparent  from  the  difference  in 
appearance  of  the  indentations  shown  in  Figure  6.1(a)  relative  to  Figures  6.1(b)  and  (c) 
that  the  steep  angle  of  incidence  of  the  cube-corner  tip  produces  greater  damage  to  the 
surface  than  the  shallow  angle  of  incidence  of  the  Berkovich  tip.  The  Berkovich  tip  is 
used  because  the  acquisition  of  quantitative  property  data  is  not  influenced  by  surface 
damage  such  as  cracking  and  material  pile-up  [100],  as  illustrated  in  Figure  6.1.  The 
increased  damage  produced  by  the  cube-comer  tip  can  be  used  to  evaluate  qualitative 
deformation  behavior,  such  as  cracking  of  a brittle  material,  such  as  silicon  nitride,  or 
pile-up  of  material  around  the  edges  of  an  indentation  in  a relatively  ductile  material, 
such  as  chromium,  as  shown  in  Figures  6.1(b)  and  (c),  respectively. 

The  elastic  moduli  were  determined  using  a continuous  stiffness  technique, 
whereby  a small  oscillation  is  applied  to  the  force  signal  at  a relatively  high  frequency 
(69.3  Hz)  during  the  indentation  process  [101].  The  amplitude  of  the  force  oscillation  is 
maintained  sufficiently  small  that  the  deformation  process  is  not  significantly  affected 
by  its  addition.  The  stiffness  of  contact  may  be  related  to  the  small  unloading  data 
curves  produced  during  the  force  oscillations.  The  method  of  analysis  is  based  on 
analytical  solutions  for  an  indenter  geometry  similar  to  the  Berkovich  indenter,  i.e. 
using  a paraboloid  of  revolution,  rather  than  the  flat-punch  approximation  [101]. 

The  effects  of  an  indenter  which  is  not  perfectly  rigid  can  be  effectively 
accounted  for  by  defining  a reduced  modulus,  Er,  through  the  following: 
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Figure  6.1.  SEM  photomicrographs  of  nanoindentations  formed  by  (a)  a Bercovich  tip 
on  a silicon  nitride  layer,  (b)  a cube-corner  tip  on  a silicon  nitride  layer,  and  (c)  a cube- 
corner  tip  on  a chromium  layer. 
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where  Es  and  vs  are  the  elastic  modulus  and  Poisson’s  ratio  of  the  specimen  being 

indented  and  E,  and  v,  are  the  same  parameters  for  the  indenter  [101].  The  reduced 

modulus,  Er,  is  related  to  the  experimentally  measured  stiffness  of  the  upper  portion  of 
the  unloading  data  curve,  S,  by 


(6.2) 


where  A is  the  projected  area  of  the  elastic  contact  at  peak  load.  The  elastic  modulus  of 
the  specimen,  Es,  can  then  be  calculated  by  combining  equations  6.1  and  6.2  [101].  The 
hardness  of  the  specimen,  Hs,  can  be  computed  from 


(6.3) 


where  Pmax  is  the  maximum  load  and  A is  the  projected  area  of  the  elastic  contact  at 
maximum  load  [101]. 

Each  indentation  was  performed  in  four  increments  of  increasing  load,  6 mN,  20 
mN,  40  mN,  and  60  mN.  For  each  indentation,  the  load  was  initiated,  held 
momentarily,  then  incremented  to  the  next  greater  load,  then  held,  and  this  process  was 
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repeated  for  each  of  the  four  test  loads.  Because  minor  deviations  in  the  perfection  of 
the  indenter  tip  shape  (sharpness)  may  have  a great  effect  on  the  accuracy  of  values 
calculated  at  shallow  depths,  the  least  load  data  point  for  each  indentation  (6  mN)  was 
omitted  when  calculating  the  average  hardness  and  elastic  modulus  data  [102-103].  The 
values  from  the  highest  three  indentation  loads  were  averaged  to  reduce  applied  load 
effects  on  the  results.  Error  bars  were  placed  on  each  indentation  data  point  to  indicate 
the  standard  deviation  of  the  mean  of  the  three  loads  averaged  for  each  indentation  data 
point. 

The  nanoindentation  data  were  acquired  by  programming  arrays  of  consecutive 
indentation  locations.  The  software  precisely  controls  the  location  and  operation  of  the 
nanoindentation  tip.  The  placement  of  the  indentations  was  determined  using  an  optical 
microscope.  Figure  6.2  shows  the  orientation  of  indentation  arrays  relative  to  the 
layered  structure  of  a laminate  composite.  The  shaded  regions  of  Figure  6.2  represent 
silicon  nitride  layers,  and  the  non-shaded  regions  represent  the  metallic  layers.  Figure 
6.2  illustrates  the  orientation  of  nanoindentation  arrays  (A  and  B)  and  macro- 
indentation arrays  (C  and  D).  In  Figure  6.2,  array  A shows  the  orientation  of 
nanoindentation  arrays  placed  to  develop  property  maps  across  the  layers.  The  arrays 
were  programmed  such  that  the  direction  of  consecutive  indentation  locations  was 
arranged  perpendicular  to  the  direction  of  the  ceramic-metallic  interfaces,  thus  crossing 
the  ceramic  and  metallic  layers  of  the  composite  cross-sections.  For  each 
nanoindentation  array,  the  nanoindentations  were  numbered  consecutively,  from  1 to 
the  last  indentation.  The  property  data,  i.e.  elastic  modulus  or  hardness  values,  were 
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Figure  6.2.  Orientation  of  arrays  of  indentations  relative  to  laminate  flexure  specimen 
structure,  (A)  Berkovich  nanoindentation  array  across  silicon  nitride  and  metallic  layers, 
perpendicular  to  layer  direction,  (B)  Berkovich  nanoindentation  array  across  the  silicon 
nitride-metallic  interlayer  region  at  an  angle  of  ~2°  relative  to  layer  direction,  (C) 
Vickers  macro-indentation  array  on  cross-section  surface  of  outermost  silicon  nitride 
surface,  and  (D)  Vickers  macro-indentation  array  on  tensile  silicon  nitride  surface. 
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graphed  sequentially  according  to  indentation  number  so  that  a map  of  the  property 
resulted.  The  property  map  enabled  evaluation  of  the  change  in  property  values  as  the 
indentation  location  passed  from  a ceramic  layer,  through  an  interface  region,  and  into  a 
metallic  layer.  The  width  of  the  layer  regions  on  the  property  maps  does  not  represent 
the  actual  thickness  of  the  layers,  but  rather  indicates  the  number  of  indentations 
performed  in  that  layer.  A wider  layer  thickness  on  any  of  the  nanoindentation  plots 
indicates  that  more  indentations  were  performed  on  that  layer.  Figure  6.2,  array  B 
shows  the  orientation  of  nanoindentation  arrays  placed  to  develop  property  maps  across 
the  interlayer  regions  of  a Si3N4-Ta  laminate,  which  were  programmed  such  that  the 
direction  of  the  consecutive  indentation  locations  were  arranged  at  an  angle  of  ~2° 
relative  to  the  direction  of  the  ceramic-metallic  interfaces,  providing  an  increased 
number  of  indentations  through  the  interface  region  relative  to  the  arrays  oriented 
perpendicular  to  the  direction  of  the  layers. 

In  order  to  examine  the  directional  nature  of  the  properties  for  the  silicon  nitride 
in  a laminate,  Vickers  diamond  macro-indentations  (Macro  Vickers  Hardness  Tester 
Model  1900-2005,  Buehler,  Lake  Bluff,  IL)  were  placed  on  both  the  cross-sectioned 
surface  and  tensile  surface  of  the  outer  silicon  nitride  layer  in  a Si3N4-Ta  laminate 
flexure  specimen,  as  illustrated  in  Figure  6.2,  arrays  C and  D,  respectively.  The  Vickers 
indentations  induced  in  the  cross-section  were  placed  such  that  the  first  indentation  was 
near  the  Si3N4-Ta  interface  region,  and  each  successive  indentation  was  placed  farther 
from  the  interface  and  nearer  to  the  free  surface,  i.e.  tensile  surface  of  the  flexure 
specimen.  This  manner  of  placement  enabled  investigation  of  the  indentation  hardness 
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from  the  interface  region  to  near  the  free  surface.  In  addition,  Vickers  indentations 
were  placed  on  the  tensile  surface  of  an  NBD-200  monolithic  silicon  nitride  flexure 
specimen  so  that  hardness  values  between  the  laminate,  NBD-200  and  values  reported 
in  the  literature  for  silicon  nitride,  and  listed  in  Table  4.1,  could  be  compared. 
Indentations  were  induced  on  all  surfaces  using  an  applied  load  of  9.8  N. 

The  widely  accepted  definition  of  Vickers  hardness  ( Hy ) is  to  use  the  actual 
surface  area  of  the  contact  region  for  the  value  of  A in  equation  6.3.  In  contrast,  many 
in  the  ceramics  community  use  the  projected  contact  area  for  the  value  of  A in  equation 
6.3  to  calculate  what  is  referred  to  as  true  hardness  (H)  [88,  104],  as  is  the  case  for  the 
Nanoindenter  II.  To  enable  the  hardness  data  from  the  Vickers  macro-indentations  to 
be  related  to  the  nanoindentation  results,  the  macro-hardness  was  calculated  from  the 
maximum  applied  indentation  load,  Pmax,  and  projected  indentation  area,  A,  according  to 
equation  6.3  [104],  These  values  will  be  termed  “modified  Vickers  hardness.”  The 
hardness  values  for  indentations  placed  on  the  cross-section  surface  were  compared 
with  values  for  indentations  placed  on  the  tensile  surface  to  examine  the  directional 
nature  of  the  apparent  hardness  of  the  silicon  nitride  layer. 

6.2,2  Flexure  strength 

The  flexure  strength  of  the  four  types  of  Si3N4-metallic  composites  fabricated 
for  this  study  were  evaluated  and  compared  via  4-point  flexure  experiments  of  non- 
indented  specimens.  The  flexure  experiments  of  seven  sets  of  specimens  were 
performed  on  an  Applied  Test  Systems  (ATS)  universal  testing  machine  (Series  1605, 
Applied  Test  Systems  Inc.,  Butler,  PA).  The  flexure  experiments  of  two  sets  of 
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composite  specimens  were  performed  on  an  Instron  universal  testing  machine  (Model 
4465,  Instron  Corp.,  Canton,  MA).  All  flexure  experiments  were  performed  using  the 
same  4-point  bend  fixtures  with  a 20  mm  outer  span  and  a 10  mm  inner  span.  The 
fixtures  were  fabricated  according  to  specifications  developed  by  the  National  Institute 
of  Standards  and  Technology  (NIST)  [105].  For  all  flexure  tests,  the  top  fixture  was 
held  in  place  using  a three-post  alignment  apparatus  and  the  bottom  fixture  was  placed 
on  a 12.7  mm  diameter  stainless  steel  ball  to  provide  a fully  articulating  configuration. 
Figure  6.3  shows  a flexure  specimen  in  place  in  the  4-point  bend  fixtures  and  alignment 
apparatus.  All  flexure  tests  were  performed  using  displacement  control  and  a crosshead 
speed  of  0.5  mm/min.  Data  were  taken  at  a rate  of  2 data  points  per  second  for  tests 
performed  on  the  ATS  machine  and  6 data  points  per  second  for  tests  performed  on  the 
Instron  machine. 

The  flexure  strength,  i.e.  modulus  of  rupture,  was  calculated  using  both  simple 
beam  theory  and  laminate  beam  theory.  The  strength  of  a beam  can  be  determined  by 
mechanics  of  materials  principles  in  terms  of  the  applied  load  at  fracture,  P,  the  outer 
support  span  length,  L0,  the  inner  support  span  length,  the  width  of  the  specimen,  w, 
and  the  height  of  the  specimen,  h,  using  [ 1 04] 


(6.4) 


where  y is  equal  to  one  half  the  height  of  the  bar  (h/2),  the  bending  moment , M,  for  4- 
point  flexure  is  defined  by 
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Figure  6.3.  A flexure  specimen  in  place  in  the  4-point  bend  fixtures  and  the  alignment 
apparatus. 
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M = \yo  dA  = — (-  L - L‘  ^ 
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and  the  moment  of  inertia  for  a rectangular  cross-section,  /,  is  defined  by 


/ = \y2dA 
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The  flexure  strength  according  to  simple  beam  theory  was  calculated  using  the 
following  relation  obtained  by  combining  equations  6.4-6. 6 [104]: 


3 P(K  - L, ) 

2wh2 


(6.7) 


where  a/ is  the  stress  at  fracture. 

The  flexure  strength  according  to  laminate  beam  theory  [106-108]  was 
calculated  according  to 


(6.8) 


where  o/  is  the  stress  at  fracture,  Ec  the  elastic  modulus  of  the  silicon  nitride  layer,  h the 


height  of  the  specimen,  M the  bending  moment,  and  El  the  flexural  rigidity  [108]. 
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The  quantity  M was  calculated  using  the  simple  beam  theory  for  4-point  bend  loading 
defined  by  equation  6.5  [104],  This  analysis  assumes  that  the  inner  spans  are  aligned 
symmetrically  between  the  outer  spans.  The  calculation  also  assumes  that  perfect 
bonding  exists  between  the  ceramic  and  metallic  layers,  and  that  no  processing  defects 
are  present  in  the  material.  The  flexural  rigidity  was  determined  using  the  following 
relation  [106-108]: 


/ 

El  = w ^ELztdz  (6.9) 

1 

where  i = 6 for  a laminate  with  two  metallic  layers  and  i = 1 0 for  a laminate  with  four 
metallic  layers,  w is  the  specimen  width,  and  El  the  elastic  modulus  of  the  layer 
material  in  the  region  defined  by  z,-.  Values  of  z,  correspond  to  the  relative  position 
from  the  neutral  axis.  Figure  6.4  shows  a diagram  of  a laminate  composite  with  two 
metallic  layers  (non-shaded  regions)  and  three  silicon  nitride  layers  (shaded  regions). 
The  interface  regions  which  define  the  values  of  z,-  used  to  calculate  flexure  strength  via 
laminate  beam  theory  in  equation  6.9  are  indicated. 

6.2.3  Indentation-strength  and  fracture  toughness 

The  flexure  strength  and  fracture  toughness  of  the  S^N^Ta  composite  material 
and  NBD-200  monolithic  silicon  nitride  was  evaluated  using  4-point  flexure 
indentation-strength  experiments  [109-111],  For  these  experiments,  the  monolithic  and 
composite  beam  specimens  were  indented  with  a custom  fabricated  indentation  machine 
(Interfacial  Test  System,  Oak  Ridge  National  Laboratory,  Oak  Ridge,  TN)  using  a 
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Figure  6.4.  Laminate  composite  diagram  with  two  metallic  layers  (non-shaded  regions) 
and  three  silicon  nitride  layers  (shaded  regions).  The  interface  regions  which  define  the 
values  of  z,  used  to  calculate  flexure  strength  via  laminate  beam  theory  are  indicated. 
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Vickers  diamond  indenter  to  produce  cracks  on  their  tensile  surfaces.  Three 
indentations  were  made  on  each  specimen  tensile  surface,  each  at  the  same  indentation 
load,  one  indentation  in  the  center  of  the  bar  and  one  indentation  at  a distance  of  2.5 
mm  on  either  side  of  the  center  indentation  in  the  lengthwise  direction  [111].  The 
specimens  were  then  loaded  to  failure  in  4-point  flexure  using  the  same  fixtures  and 
procedure  described  in  Section  6.2.2.  Each  specimen  was  fractured  immediately  after 
indentation  to  limit  the  effect  of  slow  crack  growth  on  flexure  strength  [110,  111]. 
Figure  6.5  shows  the  configuration  of  the  loading  geometry  for  the  indentation-strength 
tests.  Since  the  specimen  will  fail  from  one  critical  flaw,  typically  from  one  of  the 
Vickers  indentations,  the  indentation-strength  test  method  allows  the  crack  size  at 
failure  to  be  estimated  from  the  size  of  the  radial  cracks  emanating  from  the  surviving 
indentations,  perpendicular  to  the  axis  of  loading  [111]. 

All  three  indentations  on  each  specimen  were  applied  at  one  of  three  different 
indentation  loads,  13.3  N,  48.9  N,  and  133.4  N.  By  employing  different  indentation 
loads  among  different  specimens,  the  initial  flaw  size  was  varied  between  different 
specimens  and  the  effect  of  initial  flaw  size  on  flexure  strength  and  fracture  toughness 
was  investigated.  The  indentation-strength  tests  enabled  comparison  of  the  strength  of 
the  SisN4-Ta  composite  and  NBD-200  materials  without  the  surface  finish  of  each  type 
of  material  affecting  the  strength  results.  The  strength  values  were  calculated  using 
both  simple  beam  theory  and  laminate  beam  theory. 

A variety  of  techniques  can  be  used  to  determine  the  mode  I fracture  toughness, 
Kic,  of  brittle  materials.  The  methods  employed  fall  into  one  of  two  general  categories: 
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Figure  6.5.  Configuration  of  the  loading  geometry  for  the  4-point  flexure  indentation- 
strength  tests.  The  Vickers  indentations  are  separated  by  a distance  of  2.5  mm. 
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( 1 ) techniques  whereby  Kjc  is  calculated  from  direct  measurement  of  the  size  of  radial 
cracks  emanating  from  a Vickers  indentation  produced  on  the  surface  of  a specimen 
relative  to  the  indentation  load  [112]  and  (2)  techniques  whereby  the  indentation  crack 
serves  as  a controlled  flaw  in  a flexural  specimen,  so  that  Kic  is  determined  by  a 
strength  measurement  [109-111,  113,  114].  The  former  are  attractive  when  a limited 
quantity  of  material  is  available  because  hundreds  of  replications  can  be  sampled  from  a 
single  surface.  The  present  study  focuses  on  techniques  of  the  latter  type  because  the 
fracture  toughness  data  could  be  generated  from  the  same  indentation-strength  tests 
which  would  be  used  to  compare  the  strength  of  ShN4-Ta  composite  and  NBD-200 
materials. 

When  an  indentation-induced  controlled  flaw  is  subjected  to  an  applied  stress, 
cra,  in  a flexural  strength  test,  the  stress  intensity  at  the  crack  tip  can  be  expressed  as 


+ Yo  c 

a 


1/2 


(6.10) 


where  P is  the  indentation  load,  % the  intensity  of  the  indentation  residual  contact  stress, 
and  Y a crack  and  loading  geometry  parameter  [110,  111].  This  relationship  is 
maintained  by  stable  crack  growth  under  loading  until  failure  occurs  at  a maximum 
stress,  when  dcra/dc=0.  The  maximum  applied  stress  at  failure,  am,  and  the 
corresponding  critical  flaw  size,  cm,  are  described  by  the  following  [110,  111]: 
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(6.11) 


4 XP" 

K,c) 


2/3 


(6.12) 


Extensive  experience  and  expertise  is  required  to  locate  and  accurately  measure 
the  dimensions  of  critical  flaws.  For  this  reason,  Chantikul  et  al.  developed  the 
indentation- strength  technique  [1 10],  in  which  the  following  relation  is  used  to  estimate 
fracture  toughness: 


r25 6%73V/4 


V 


27 


J 


(6.13) 


which  allows  the  fracture  toughness  to  be  evaluated  in  terms  P and  cr„„  eliminating  the 
need  to  measure  the  dimensions  of  critical  flaws.  The  indentation-strength  method 
assumes  that  the  radial  crack  pattern  is  well-defined,  the  radial  crack  pattern  is  not 
interacting  with  lateral  cracking,  and  that  failure  occurs  at  the  flaw  induced  by  the 
indentation. 

Cook  and  Lawn  developed  a modified  indentation  toughness  technique  [111]. 
This  method  represents  a hybrid  of  the  indentation-strength  technique  and  a technique 
whereby  the  toughness  is  calculated  from  direct  measurement  of  the  radial  cracks 
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emanating  from  Vickers  indentations  produced  on  the  surface  of  a specimen.  The 
modified  indentation  toughness  technique  is  a hybrid  because  it  involves  placing  three 
Vickers  indentations  within  the  constant-stress  inner  span  region  of  the  tensile  surface 
of  a 4-point  flexure  specimen,  then  loading  the  specimen  to  failure  in  a flexure  test.  The 
fracture  toughness  calculation  incorporates  both  stress  at  fracture  and  measurement  of 
crack  size  at  fracture  measured  from  the  two  surviving  indentations  [111]  according  to 
the  following: 

K,  =-Yg  cV2  (6.14) 

where  the  size  of  the  critical  flaw,  cm,  is  measured  from  the  radial  traces  of  the  surviving 
indentations  as  described  previously.  Figure  6.6  illustrates  the  procedure  for  measuring 
the  crack  size  at  fracture  from  the  remaining  indentations.  Cook  and  Lawn  compared 
the  results  of  the  modified  indentation  toughness  technique  with  those  of  conventional 

double-cantilever  beam  technique  for  a variety  of  glasses,  ceramics  and  a glass  ceramic. 

1/2 

Linear  regression  of  K/c  versus  the  indentation  parameter,  cr mCm  , from  equation  6.14 

showed  excellent  correlation  but  failed  to  meet  the  zero-intercept  condition  of  their 
model. 

Griggs  et  al.  developed  a modified  flaw-size  technique  for  estimating  fracture 
toughness  [114].  The  modified  flaw-size  technique  was  developed  to  reconcile  the 
discrepancy  between  the  theory  and  regression  model  of  Cook  and  Lawn  while 
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Figure  6.6.  Diagram  representing  the  procedure  for  measuring  the  crack  size  at  fracture 
from  the  remaining  indentations  for  the  indentation-strength  flexure  tests. 
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continuing  to  benefit  from  the  ease  of  flaw  size  measurement  afforded  by  the  modified 
indentation  technique.  They  discovered  that  the  semi-elliptical  shape  of  indentation- 
induced  flaws  was  responsible  for  the  discrepancy  between  the  theory  and  regression 
model  of  Cook  and  Lawn.  Figure  6.7  shows  a diagram  illustrating  the  semi-elliptical 
shape  of  an  indenter-induced  flaw,  the  outer  edge  of  which  is  indicated  by  arrows.  The 
dimensions  used  to  estimate  the  values  of  a and  b are  illustrated.  Fracture  surfaces  from 
indentation  strength  tests  performed  for  this  study  did  exhibit  elliptical  flaw  shapes  and 
will  be  examined  in  Section  6.3.5.  Griggs  et  al.  determined  that  the  modified  flaw-size 
technique,  which  includes  a parameter  to  estimate  the  elliptical  nature  of  the  flaw  shape, 
provided  a closer  estimate  of  fracture  toughness  than  the  modified  indentation  technique 
for  several  types  of  barium  aluminosilicate  glass-ceramics. 

The  fracture  surfaces  of  S^N^Ta  composite  and  NBD-200  materials  from  the 
indentation-strength  tests  were  examined  with  either  an  optical  microscope  (Model 
BH2,  Olympus  Optical  Co.,  Ltd.,  Shinjuku-ku,  Tokyo,  Japan)  or  a stereo  optical 
microscope  (Model  SZH10,  Olympus  Optical  Co.,  Ltd.,  Shinjuku-ku,  Tokyo,  Japan), 
and  the  dimensions  of  the  critical  flaws  and  of  the  radial  cracks  from  remaining  in-tact 
indentations  were  measured  using  a calibrated  reticule  [115].  The  fracture  toughness 
values  of  SLN^Ta  composite  and  NBD-200  materials  were  calculated  from  the  flexural 
strength  values  and  flaw  dimensions  using  four  different  techniques.  The  four  methods 
of  calculation  were  (1)  the  indentation-strength  technique  (IS),  (2)  the  flaw-size 
measurement  technique  (FS),  (3)  the  modified  indentation  technique  (MI),  and  (4)  the 
modified  flaw-size  measurement  technique  (MFS). 
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2b 

Figure  6.7.  Diagram  illustrating  the  semi-elliptical  shape  of  an  indenter-induced  flaw, 
the  outer  edge  of  which  is  indicated  by  arrows.  The  dimensions  used  to  estimate  the 
values  of  a and  b are  illustrated. 
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The  following  relation  was  employed  to  estimate  fracture  toughness  using  the  IS 
technique  [110]: 


where  E is  the  elastic  modulus,  H the  hardness,  am  the  stress  at  fracture,  P the 
indentation  load,  and  rj  an  empirical  constant  with  a value  of  0.59 ±0.12. 

The  fracture  toughness  using  the  FS  technique  was  estimated  using  the 
following  relations  [116]: 


where  Y is  a geometrical  constant  (1.65  for  indented  specimens  and  1.24  for  non- 
indented  specimens)  [117],  am  the  stress  at  fracture,  cm  the  size  of  the  critical  flaw,  b the 
half-width  of  the  critical  flaw,  and  a the  depth  of  the  critical  flaw. 

The  following  relation  was  employed  to  estimate  fracture  toughness  using  the 
MI  technique  [111]: 


K,c  =ri(E/ H)us(omPin) 


1/3  n. 3/4 


(6.15) 


(6.16) 


(6.17) 


K.  = Act  cU2  + B 

1 C mm 


(6.18) 
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where  A and  B are  empirically  determined  constants  with  values  of  2.02  and  -0.68, 
respectively. 

The  relation  employed  to  estimate  fracture  toughness  using  the  MFS  technique 
[114]  was 


\bj 


1/2 


(6.19) 


where  A is  an  empirically  determined  constant  with  a value  of  1.56. 

The  indentation-strength  and  fracture  toughness  results  enabled  comparison  of 
the  flexure  strength,  influence  of  crack  size  on  flexure  strength,  fracture  toughness,  and 
R-curve  behavior  of  the  Si3N4-Ta  laminate  and  NBD-200  monolithic  silicon  nitride. 
The  determination  of  strength  using  both  simple  beam  theory  and  laminate  beam  theory 
provided  insight  into  the  capability  of  simple  beam  theory  to  estimate  the  strength  of  the 
silicon  nitride  laminate  composite  materials  when  tested  in  4-point  flexure.  The  four 
different  relations  used  to  estimate  fracture  toughness  enabled  comparison  of  fracture 
toughness  results  using  various  theories,  for  both  the  Si3N4-Ta  laminate  composite  and 
NBD-200  monolithic  silicon  nitride  materials. 

6.2.4  Fractography 

Fractography  was  performed  in  order  to  locate  the  origins  of  fracture  and  to 
evaluate  the  determination  of  fracture  toughness  for  the  silicon  nitride-metallic 
composites  and  NBD-200  monolithic  silicon  nitride  [115,  118,  119].  The  fracture 
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surfaces  were  inspected  using  optical  microscopy  (Model  BH2,  Olympus  Optical  Co., 
Ltd.,  Shinjuku-ku,  Tokyo,  Japan),  stereo  optical  microscopy  (Model  SZH10,  Olympus 
Optical  Co.,  Ltd.,  Shinjuku-ku,  Tokyo,  Japan),  and  scanning  electron  microscopy 
(SEM)  (Model  S800  or  S4100,  Hitachi  Ltd.,  Tokyo,  Japan).  SEM  images  of  silicon 
nitride,  chromium  and  tantalum  fracture  surfaces  will  be  presented. 

6.3  Results  and  Discussion 

6.3.1  Elastic  modulus  and  hardness  properties 

Figure  6.8  shows  a nanoindentation  property  map  depicting  the  hardness  values 
across  the  cross-section  of  a SisN4-Cr  composite  with  seven  silicon  nitride  layers 
(striped  regions)  and  six  chromium  layers  (open  regions).  The  difference  in  hardness 
values  between  the  silicon  nitride  and  chromium  layer  materials  is  evident  in  Figure  6.8. 
The  hardness  of  the  silicon  nitride  and  chromium  layers  is  approximately  25  GPa  and 
18  GPa,  respectively.  Values  of  hardness  reported  in  literature  and  listed  in  Table  4.1 
are  indicated  on  the  property  map  for  silicon  nitride  (solid  line)  and  chromium  (dashed 
line).  In  the  laminate  structure,  the  hardness  values  determined  via  nanoindentation  for 
both  silicon  nitride  and  chromium  are  greater  than  those  reported  in  literature  for  each 
monolithic  material.  The  hardness  of  the  chromium  layers  in  the  composite  structure 
(18  GPa)  is  significantly  greater  than  hardness  values  reported  in  the  literature  (1.0 
GPa)  for  chromium.  You  may  recall  from  Chapter  5 that  the  X-ray  diffraction  spectrum 
for  the  SLISL-Cr  laminate  showed  the  presence  of  C^Si.  Since  C^Si  has  greater 
hardness  than  chromium  [120,  121],  it  may  be  the  cause  of  the  greater  hardness  of  the 
chromium  layers  in  the  SLN^Cr  laminate. 
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Figure  6.8.  Nanoindentation  property  map  depicting  the  hardness  values  across  a S^N.*- 
Cr  composite  with  seven  silicon  nitride  layers  (striped  regions)  and  six  chromium  layers 
(open  regions).  The  solid  horizontal  line  represents  a reported  value  for  the  hardness  of 
silicon  nitride,  and  the  dashed  horizontal  line  represents  a reported  value  for  the 
hardness  of  chromium. 
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Figure  6.9.  Nanoindentation  property  map  depicting  the  elastic  modulus  values  across  a 
Si3N4-Cr  composite  with  seven  silicon  nitride  layers  (striped  regions)  and  six  chromium 
layers  (open  regions).  The  solid  horizontal  line  represents  a reported  value  for  the 
elastic  modulus  of  silicon  nitride,  and  the  dashed  horizontal  line  represents  a reported 
value  for  the  elastic  modulus  of  chromium. 
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Figure  6.9  shows  a nanoindentation  property  map  depicting  the  elastic  modulus 
values  across  the  same  S^N^Cr  cross-section  surface  from  which  the  hardness  values 
shown  in  Figure  6.9  were  obtained.  The  elastic  modulus  values  were  computed 
simultaneously  from  the  same  indentations  as  the  hardness  values  shown  in  Figure  6.9. 
The  similarity  in  elastic  modulus  values  between  the  silicon  nitride  (striped  regions)  and 
chromium  (open  regions)  layer  materials  is  evident  in  Figure  6.9.  The  elastic  modulus 
of  the  silicon  nitride  and  chromium  layers  is  approximately  325  GPa  and  300  GPa, 
respectively.  Values  of  elastic  modulus  reported  in  literature  and  listed  in  Table  4.1  are 
indicated  on  the  property  map  for  silicon  nitride  (solid  line)  and  chromium  (dashed 
line).  In  the  laminate  structure,  the  elastic  modulus  values  determined  via 
nanoindentation  for  both  silicon  nitride  and  chromium  are  greater  than  those  reported  in 
literature  for  each  monolithic  material. 

Figure  6.10  shows  a nanoindentation  property  map  illustrating  the  hardness 
values  across  the  cross-section  surface  of  a S^N^Ta  composite  with  five  silicon  nitride 
layers  (striped  regions)  and  four  tantalum  layers  (open  regions).  The  difference  in 
hardness  values  between  the  silicon  nitride  and  tantalum  layer  materials  is  evident  in 
Figure  6.10.  The  hardness  of  the  silicon  nitride  and  tantalum  layers  is  approximately  23 
GPa  and  6 GPa,  respectively.  Values  of  hardness  reported  in  literature  and  listed  in 
Table  4.1  are  indicated  on  the  property  map  for  silicon  nitride  (solid  line)  and  tantalum 
(dashed  line).  In  the  laminate  structure,  the  hardness  values  determined  via 

nanoindentation  for  both  silicon  nitride  and  tantalum  are  greater  than  those  reported  in 
literature  for  each  monolithic  material. 
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Figure  6.10.  Nanoindentation  property  map  depicting  the  hardness  values  across  a 
SisN4-Ta  composite  with  five  silicon  nitride  layers  (striped  regions)  and  four  tantalum 
layers  (open  regions).  The  solid  horizontal  line  represents  a reported  value  for  the 
hardness  of  silicon  nitride,  and  the  dashed  horizontal  line  represents  a reported  value  for 
the  hardness  of  tantalum. 
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Figure  6.1 1.  Nanoindentation  property  map  depicting  the  elastic  modulus  values  across 
a SisN4-Ta  composite  with  five  silicon  nitride  layers  (striped  regions)  and  four  tantalum 
layers  (open  regions).  The  solid  horizontal  line  represents  a reported  value  for  the 
elastic  modulus  of  silicon  nitride,  and  the  dashed  horizontal  line  represents  a reported 
value  for  the  elastic  modulus  of  tantalum. 


126 


Figure  6.1 1 shows  a nanoindentation  property  map  depicting  the  elastic  modulus 
values  across  the  same  S^N^Ta  surface  from  which  the  hardness  values  shown  in 
Figure  6.10  were  obtained.  As  was  the  case  for  the  S^N^Cr  composite,  the  elastic 
modulus  values  were  computed  from  the  same  indentations  as  the  hardness  values 
shown  in  Figure  6.10.  The  difference  in  elastic  modulus  values  between  the  silicon 
nitride  (striped  regions)  and  tantalum  (open  regions)  layer  materials  is  evident  in  Figure 
6.11.  The  elastic  modulus  of  the  silicon  nitride  and  tantalum  layers  is  approximately 
340  GPa  and  240  GPa,  respectively.  Values  of  elastic  modulus  reported  in  literature  are 
indicated  on  the  property  map  for  silicon  nitride  (solid  line)  and  tantalum  (dashed  line). 
In  the  laminate  structure,  the  elastic  modulus  values  determined  via  nanoindentation  for 
both  silicon  nitride  and  tantalum  are  greater  than  those  reported  in  literature  for  each 
monolithic  material. 

Figure  6.12  shows  a nanoindentation  property  map  illustrating  the  hardness 
values  across  the  silicon  nitride  layers,  S^N^Ta  interlayer  regions,  and  tantalum  layers 
of  the  cross-section  surface  of  a S^N^Ta  composite.  As  illustrated  in  Figure  6.2,  array 
B,  each  array  of  indentations  was  arranged  in  a shallow  angle  across  the  S^N^Ta 
interface  region  such  that  the  array  would  contain  a more  concentrated  number  of 
indentations  in  the  interface  region  than  in  those  arrays  used  for  the  graphs  shown  in 
Figures  6.10  and  6.11,  which  were  oriented  perpendicular  to  the  interfaces.  The 
concentrated  interface  region  hardness  property  map  shown  in  Figure  6.12  enabled 
evaluation  of  the  properties  across  the  Si3N4-Ta  interface  region.  The  striped  regions 
indicate  indentation  data  points  acquired  from  silicon  nitride  layers,  crosshatched 
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Figure  6.12.  Nanoindentation  property  map  illustrating  the  hardness  values  across  the 
silicon  nitride  layers  (striped  regions),  Si3N4-Ta  interlayer  regions  (open  regions),  and 
tantalum  layers  (crosshatched  regions)  of  a Si3N4-Ta  composite.  The  solid  horizontal 
line  represents  a reported  value  for  the  hardness  of  silicon  nitride,  and  the  dashed 
horizontal  line  represents  a reported  value  for  the  hardness  of  tantalum. 
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regions  indicate  indentation  data  points  acquired  from  tantalum  layers  and  open  regions 
indicate  indentation  data  points  acquired  from  interface  regions  between  the  silicon 
nitride  and  tantalum  layers.  The  solid  horizontal  line  represents  a reported  value  for  the 
hardness  of  silicon  nitride,  and  the  dashed  horizontal  line  represents  a reported  value  for 
the  hardness  of  tantalum. 

It  is  apparent  from  the  hardness  property  map  shown  in  Figure  6.12  that  the 
hardness  is  highest  at  the  silicon  nitride  layer,  as  shown  in  Figure  6.10,  and  decreases 
gradually  across  the  Si3N4-Ta  interface  region  until  the  lower  hardness  value  at  the 
tantalum  layer  is  reached.  You  may  recall  from  Chapter  5 that  the  concentration 
gradient  across  the  Si3N4-Ta  interface  region  showed  evidence  of  a diffusion  bond.  The 
hardness  gradient  across  the  Si3N4-Ta  interface  region  appears  to  follow  a rule-of- 
mixtures  according  to 


Hc  = VSHS  + VtHt  (6.20) 

where  He  is  the  hardness  of  the  composite  at  the  indentation,  Hs  the  hardness  of  the 
silicon  nitride,  Vs  the  volume  fraction  of  silicon  nitride  at  the  indentation,  Hr  the 
hardness  of  the  tantalum,  and  VT  the  volume  fraction  of  tantalum  at  the  indentation 
[104], 

It  has  been  shown  that  the  yield  strength,  oy,  of  a material  can  be  estimated  from 


the  hardness,  H,  according  to  [88] 
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for  materials  which  do  not  work  harden  appreciably.  We  have  assumed  that  the  metal 
layers  do  not  undergo  appreciable  work  hardening  during  the  small  deformations  which 
occur  during  nanoindentation.  Therefore,  the  yield  strength  of  the  chromium  and 
tantalum  layers  can  be  estimated  from  the  average  hardness  values  obtained  by 
nanoindentation  using  equation  6.21.  The  average  hardness  values  of  chromium  and 
tantalum  were  determined  to  be  approximately  18  GPa  and  6 GPa,  respectively. 
According  to  equation  6.21,  the  yield  strengths  of  chromium  (in  the  Si3N4-Cr  laminate) 
and  tantalum  (in  the  Si3N4-Ta  laminate)  are  approximately  6 GPa  and  2 GPa, 
respectively. 

6.3.2  Asymmetrical  nature  of  properties 

The  optical  photomicrographs  in  Figures  6.13(a)  and  (b)  show  indentations 
placed  on  the  cross-section  and  tensile  surfaces  of  a Si3N4-Ta  laminate  specimen, 
respectively.  Each  indentation  was  formed  by  a diamond  Vickers  tip  on  a macro- 
hardness tester,  using  an  applied  load  of  9.8  N.  It  is  apparent  from  Figure  6.13(a)  that 
the  length  of  the  radial  cracks  which  emanate  from  the  comers  of  the  Vickers 
indentation  placed  on  the  cross-section  surface  are  asymmetric,  i.e.  the  cracks  extending 
in  a direction  parallel  to  the  layers  have  greater  length  than  the  cracks  extending  in  a 
direction  perpendicular  to  the  layers.  This  is  a result  of  the  in-plane  compressive 
residual  stress  field  which  the  silicon  nitride  layer  is  under  [45,  52-55],  The  direction  of 
the  in-plane  residual  compressive  stress  is  indicated  by  arrows.  The  asymmetrical 
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Figure  6.13.  Optical  photomicrographs  of  Vickers  indentations  placed  on  (a)  the  cross- 
section  surface  and  (b)  the  tensile  surface  of  the  outer  silicon  nitride  layer  of  a S^N^Ta 
laminate  using  a load  of  9.8  N.  Arrows  indicate  the  direction  of  residual  stress.  Dashed 
lines  indicate  the  orientation  of  the  interface. 
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nature  of  the  radial  cracking  pattern  shown  in  Figure  6.13(a)  is  a result  of  the  orientation 
of  the  radial  cracking  pattern,  which  is  perpendicular  to  the  axis  of  the  in-plane 
compressive  residual  stress.  The  compressive  force  applied  by  the  in-plane  residual 
stress  inhibits  the  propagation  of  radial  cracks  oriented  perpendicular  to  the  axis  of  the 
compressive  stress.  The  Poisson  effect  produces  a residual  tensile  stress  acting  in  a 
direction  perpendicular  to  the  axis  of  the  in-plane  residual  compressive  stress,  i.e. 
perpendicular  to  the  direction  indicated  by  the  arrows.  The  residual  tensile  stress  results 
in  an  increase  in  propagation  of  the  radial  cracks  parallel  to  the  axis  of  in-plane  residual 
stress.  The  asymmetrical  nature  of  the  residual  stress  field  produces  the  asymmetrical 
radial  cracking  pattern  illustrated  in  Figure  6.13(a). 

It  is  apparent  from  Figure  6.13(b)  that  the  length  of  the  radial  cracks  which 
emanate  from  the  corners  of  the  indentation  placed  on  the  tensile  surface  are  symmetric, 
i.e.  the  cracks  extending  in  all  directions  from  the  indentation  are  of  approximately 
equal  length.  This  behavior  is  a result  of  the  orientation  of  the  radial  cracking  pattern, 
which  is  parallel  to  the  axis  of  the  in-plane  compressive  residual  stress.  The  orientation 
of  the  radial  cracking  pattern  relative  to  the  in-plane  compressive  stress  results  in  each 
radial  crack  being  equally  influenced  by  the  residual  stress  field. 

Figure  6.14  shows  hardness  values  measured  by  Vickers  indentation  obtained 
from  the  cross-section  surface  of  the  outermost  silicon  nitride  layer  (closed  circles)  and 
tensile  silicon  nitride  surface  (open  diamond)  of  a Si3N4-Ta  laminate  and  the  tensile 
surface  of  NBD-200  (open  square)  monolithic  silicon  nitride.  Indentation  array 
locations  are  illustrated  for  the  cross-section  surface  and  the  tensile  surfaces  in  Figure 
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Figure  6.14.  Hardness  values  measured  by  Vickers  indentation  obtained  from  the  cross- 
section  silicon  nitride  surface  (closed  circles)  and  tensile  silicon  nitride  surface  (open 
diamond)  of  a S^N^Ta  laminate  and  the  tensile  surface  of  NBD-200  monolithic  silicon 
nitride  (open  square).  Indent  location  is  specified  as  the  ratio  of  the  distance  from  the 
Si3N4-Ta  interface  to  the  center  of  the  indentation  (x,)  divided  by  the  distance  from  the 
Si3N4-Ta  interface  to  the  free  surface  (x-f),  in  units  of  percent.  Indent  locations  are 
specified  as  100%  for  indentations  placed  on  the  tensile  surface  of  the  Si3N4-Ta 
laminate  and  NBD-200. 
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6.2,  arrays  C and  D,  respectively.  In  Figure  6.14,  indent  location  on  the  cross-section 
surface  is  defined  as 


f \ 

j*L 
V XT  J 


x 100 


(6.22) 


where  x,  is  the  distance  from  the  Si3N4-Ta  interface  to  the  center  of  the  indentation  and 
xt  is  the  total  distance  from  the  Si3N4-Ta  interface  to  the  free  surface,  i.e.  the  thickness 
of  the  outermost  silicon  layer.  Indent  locations  are  specified  as  1 00%  for  indentations 
placed  on  the  tensile  surface  of  the  Si3N4-Ta  laminate  and  NBD-200. 

It  is  apparent  from  the  data  presented  in  Figure  6.14  that  there  is  a gradient  in 
the  indentation  hardness  value  of  the  outermost  silicon  nitride  layer  of  the  Si3N4-Ta 
laminate  from  the  Si3N4-Ta  interface  region  to  the  free  silicon  nitride  surface,  i.e.  tensile 
surface  of  the  flexure  specimen.  The  hardness  of  the  silicon  nitride  layer  cross-section 
surface  was  greatest,  ~26  GPa,  nearest  the  Si3N4-Ta  interface,  and  decreased  as  the 
indentation  location  moved  toward  the  tensile  surface,  until  the  lowest  value  of 
indentation  hardness,  ~20  GPa,  was  recorded  for  the  indentation  nearest  the  tensile 
surface.  The  hardness  results  obtained  using  nanoindentation  of  the  cross-section  were 
~23  GPa,  within  the  range  of  the  macro-indentation  results  for  the  cross-section  surface. 
The  average  value  of  the  indentations  placed  in  the  tensile  surface  of  the  Si3N4-Ta 
laminate  and  NBD-200  was  ~17  and  ~18  GPa,  respectively.  The  hardness  values 
obtained  from  the  tensile  surfaces  are  within  the  range  of  values  for  the  hardness  of  a- 
Si3N4  reported  in  the  literature  of  8-19  GPa  [86],  However,  the  hardness  values  for  the 
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SisN4-Ta  laminate  and  NBD-200  tensile  surfaces  are  less  than  those  obtained  from  the 
laminate  cross-section  surface  by  -35%. 

The  symmetrical  nature  of  the  radial  cracking  pattern  about  the  Vickers 
indentations  on  the  tensile  silicon  nitride  surface  of  the  S^N^Ta  laminate  relative  to  the 
asymmetrical  nature  of  the  radial  cracking  pattern  about  the  Vickers  indentations  placed 
on  the  cross-section  surface  shows  evidence  of  the  directionality  of  the  in-plane  residual 
stress  field  acting  on  the  silicon  nitride  outer  layer.  The  combination  of  two  theories 
may  describe  the  origin  of  the  gradient  in  hardness  on  the  cross-section  surface  of  the 
outermost  silicon  nitride  layer  of  the  laminate.  The  first  uses  the  theory  of 
thermodynamic  equilibrium  to  describe  the  source  of  the  residual  stress  gradient  which 
exists  in  the  region  of  an  interface,  and  the  second  uses  a mechanics  approach  to 
provide  insight  into  how  the  hardness  determined  by  indentation  is  affected  by  the 
residual  stress  state. 

Kingery  et  al.  [96]  suggested  that  thermodynamic  relations  predict  that  for 
crystalline  solids,  there  is  excess  free  energy  in  the  region  of  an  interface,  and  the 
excess  energy  is  surface  energy  caused  by  the  broken  and  distorted  bonds  which  are 
present  in  the  region  where  the  two  surfaces  are  bonded.  They  also  proposed  that  the 
excess  energy  associated  with  an  interface  is  diffuse,  with  the  energy  decreasing  with 
increasing  distance  from  the  interface  region.  This  theory,  applied  to  the  interface 
region  of  our  laminate  suggests  that  the  magnitude  of  the  in-plane  residual  compressive 
stress  field  in  the  silicon  nitride  would  have  a maximum  value  at  the  interface  region 
and  would  graduate  to  a minimum  value  at  the  free  surface.  The  minimum  value  for 


135 


residual  stress  occurs  at  the  free  surface  occurs  because  the  free  surface  is  the  region  of 
greatest  distance  from  the  source  of  the  residual  stress,  that  of  the  interface  region. 

It  is  well  documented  that  the  hardness  of  materials  measured  by  indentation 
techniques  is  dependent  on  the  stress  state  and  the  residual  stress  state  of  the  material 
[122-125].  Therefore,  the  hardness  gradient  in  the  outer  silicon  nitride  surface  of  the 
laminate  may  result  from  the  gradient  in  the  residual  compressive  stress  from  the 
interface  to  the  free  surface. 

The  second  theory  is  based  on  the  assumption  that  the  hardness  value 
determined  from  an  indentation  is  influenced  by  the  microstructure  surrounding  the 
indentation,  because  the  indentation  produces  inelastic  and  elastic  deformation  zones  in 
the  region  surrounding  itself  [126].  Because  of  the  inelastic  and  elastic  deformation 
zones  surrounding  the  indentation,  the  indentation  “senses”  the  material  in  its 
surrounding  area.  It  is  proposed  that  the  indentation  will  “sense”  a different  hardness  in 
a region  depending  on  the  microstructure  surrounding  the  indentation  for  reasons 
similar  to  those  which  provide  a different  hardness  for  a thin  layer  of  material  deposited 
on  an  unlike  substrate  material,  relative  to  the  hardness  exhibited  by  the  monolithic 
form  of  the  material  which  was  deposited  [127,  128],  Although  the  hardness  of  the 
material  below  the  silicon  nitride  layer  is  less  than  the  silicon  nitride,  the  indentation  in 


the  silicon  nitride  surface  may  “sense”  the  increased  hardness  from  the  silicon  nitride 
region  in  residual  compression  which  lies  just  above  the  metallic  layer.  The 
combination  of  the  two  theories  suggests  that  the  reason  for  the  decrease  in  hardness  as 
the  indentation  is  placed  at  a greater  distance  from  interface  is  because  the  indentation  is 
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located  at  a greater  distance  from  the  source  of  the  residual  stress,  and  the  residual  stress 
is  the  cause  of  the  increase  in  hardness. 

Figure  6.15  shows  an  indentation  map  and  the  radial  cracking  pattern  around 
indentations  formed  on  the  cross-section  surface  of  the  outer  silicon  nitride  layer  of  a 
Si3N4-Ta  laminate.  The  indentations  were  formed  using  a Vickers  tip  under  a force  of 
9.8  N.  The  indentations  are  numbered  consecutively,  with  indentation  1 being  closest  to 
the  SisN4-Ta  interface  and  indentation  number  5 closest  to  the  free  surface.  The  ratio  of 
the  length  of  the  radial  cracks  oriented  normal  to  the  direction  of  the  layers  {cx)  relative 
to  the  length  of  the  cracks  oriented  parallel  to  the  direction  of  the  layers  (cy),  i.e.  the 
anisotropy  ratio,  for  each  indentation  is  listed  in  Table  6.1.  The  anisotropy  ratio  is 
defined  as  \-{cxlcy)so  that  its  value  will  increase  as  the  anisotropy  of  the  radial 

cracking  pattern  increases. 

Figure  6.15  shows  that  the  radial  crack  emanating  from  indentation  number  1 
which  is  perpendicular  to  and  nearest  the  interface  is  longer  than  the  radial  crack 
emanating  from  the  opposite  side  of  the  indentation.  The  increased  extension  of  the 
radial  crack  closest  to  the  interface  is  likely  due  to  the  effect  of  the  mixed-mode 
compressive  and  tensile  residual  stress  field  which  exists  at  the  interface,  and  influences 
the  anisotropy  ratio  listed  in  Table  6.1.  Because  of  their  greater  distance  from  the 
interface,  indentation  numbers  3,  4,  and  5 are  less  influenced  by  the  mixed-mode 
residual  stress  field  at  the  interface  than  indentations  1 and  2.  The  anisotropy  values  of 
indentations  3,  4,  and  5 listed  in  Table  6.1  indicate  that  the  anisotropy  ratio  decreases  as 
the  distance  from  the  interface  increases.  Since  the  anisotropy  of  the  radial  cracking 
pattern  is  caused  by  the  residual  compressive  stress  acting  in  the  direction  of  the  layers 
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Figure  6.15.  An  indentation  map  and  the  radial  cracking  patterns  around  Vickers 
indentations  placed  on  the  cross-section  surface  of  the  outer  silicon  nitride  layer  of  a 
SisN4-Ta  laminate. 
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Table  6.1.  Anisotropy  ratios  of  radial  cracks  emanation  from  Vickers  indentations 
placed  on  the  cross-section  surface  of  the  outer  silicon  nitride  layer  of  a S^N^Ta 
laminate. 


Indentation 

Number 

Radial  Crack 
Length  Normal  to 
Layers,  cx  (pm) 

Radial  Crack 
Length  Parallel  to 
Layers,  cy  (pm) 

Anisotropy  Ratio 

[1  - / Cy)l 

i 

30 

63 

0.524 

2 

26 

62 

0.581 

3 

26 

64 

0.594 

4 

27 

56 

0.518 

5 

27 

54 

0.500 
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and  the  residual  tensile  stress  which  results  from  the  Poisson  effect  (Figure  6.14)  acting 
in  perpendicular  direction,  the  decrease  in  the  anisotropy  ratio  with  increasing  distance 
from  the  interface  is  evidence  that  the  magnitude  of  the  residual  compressive  stress 
decreases  with  increasing  distance  from  the  interface. 

6.3.3  Flexure  strength 

Figure  6.16  shows  the  flexure  strength  results  for  non-indented  specimens  of 
SisN4-Cr  (triangles),  S^N^Ti  (circles),  Si3N4-Mo  (squares),  and  Si3N4-Ta  (hexagons 
and  diamonds)  laminate  composites.  Each  data  set  has  been  assigned  an  arbitrary  data 
set  designation  number  to  enhance  the  readability  of  the  graph.  The  number  in 
parentheses  to  the  right  of  each  data  point  is  the  number  of  specimens  tested  in  that  data 
set.  Each  data  point  represents  the  mean  value  for  flexure  strength  of  that  data  set,  and 
the  error  bars  indicate  the  standard  deviation.  Flexure  strength  was  calculated  using 
simple  beam  theory  (closed  symbols)  and  laminate  beam  theory  (open  symbols).  The 
simple  beam  theory  and  laminate  beam  theory  results  are  in  good  agreement. 

Figure  6.16  shows  that  there  was  not  a significant  difference  between  the  flexure 
strengths  of  the  weak  interface  S^lS^-Cr  composites  (triangle  with  crosshairs)  and  the 
strengths  of  the  strong  interface  S^lS^-Cr  composites  (solid  triangles).  It  is  apparent 
that  the  Si3N4-Cr  composites  with  strong  interfaces  which  were  processed  under  argon 
atmosphere  (down-pointing  triangles)  showed  greater  strength  than  the  Sf^-Cr 
composites  processed  under  nitrogen  atmosphere  (up-pointing  triangles).  This 
reduction  in  strength  may  be  due  to  nitridation  of  the  metal  during  high  temperature 
processing  under  a nitrogen  atmosphere.  As  a result  of  these  observations,  composites 
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Figure  6.16.  Plot  of  flexure  strength  results  for  non-indented  specimens  of  S^Nzt-Cr 
(triangles),  Si3N4-Ti  (circles),  S^Nzi-Mo  (squares),  and  SisNzj-Ta  (hexagons  and 
diamonds)  laminate  composites.  Flexure  strength  was  calculated  using  simple  beam 
theory  (closed  symbols)  and  laminate  beam  theory  (open  symbols).  The  number  in 
parentheses  to  the  right  of  each  data  point  is  the  number  of  specimens  tested  in  that  data 
set. 
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were  subsequently  processed  under  argon  atmosphere  to  inhibit  nitridation  of  the 
metallic  materials  at  the  elevated  processing  temperatures. 

Figure  6.16  shows  that  the  flexure  strengths  of  S^N^Cr  and  S^N/t-Ti  laminates 
were  significantly  less  than  the  strengths  of  the  S^lS^-Mo  and  S^N^Ta  laminates.  The 
lower  strength  values  are  likely  a result  of  reaction  between  the  silicon  nitride  and  the 
metal,  forming  metal  silicides  and/or  nitrides.  You  may  recall  from  Chapter  5 that  X- 
ray  diffraction  (XRD)  results  indicated  the  presence  of  intermetallic  compounds  in  the 
microstructure  of  SFN^Cr  and  Si3N4-Ti  laminates.  However,  XRD  did  not  detect  the 
presence  of  intermetallic  compounds  in  the  SFN^Ta  laminates.  Silicide  and  nitride 
materials  are  known  to  be  brittle  and  may  act  as  initiation  sites  for  failure  in  ShN^Cr 
and  Si3N4-Ti  laminates  [129-130].  The  grain  pull-out  which  resulted  in  roughened 
metal  surfaces  on  the  polished  Si3N4-Cr  and  S^lSLt-Ti  laminate  cross-sections  are  shown 
in  Figures  4.12(c)  and  (d)  and  is  evidence  that  large  grains  are  present  in  the  Si3N4-Cr 
and  Si3N4-Ti  composites.  Large  grain  pull-out  is  not  evident  in  the  S^lXrMo  and 
Si3N4-Ta  composite  cross-sections  shown  in  Figures  4.12(a)  and  (b)  and  is  evidence  that 
large  grains  are  not  being  pulled  out  of  the  microstructure  of  the  Si3N4-Mo  and  Si3N4-Ta 
laminates  during  polishing.  The  grains  being  removed  during  polishing  of  the  Si3N4-Cr 
and  Si3N4-Ti  laminates  may  be  brittle,  intermetallic  grains  which  are  formed  during 
processing.  The  presence  of  intermetallic  grains  may  be  the  cause  of  the  low  flexure 
strength  of  these  laminates  relative  to  the  Si3N4-Mo  and  SL^-Ta  laminates. 

The  Si3N4-Ta  composites  showed  the  greatest  flexure  strength  of  the  composites 
fabricated  for  this  study.  The  Si3N4-Ta  composites  formed  with  4 tantalum  layers 
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(diamonds)  showed  greater  flexure  strength  values  than  the  Si3N4-Ta  composites 
formed  with  2 tantalum  layers  (hexagons).  Si3N4-Ta  composites  formed  with  4 
tantalum  layers  resulted  in  average  flexure  strength  values  exceeding  800  MPa. 

The  flexure  strength  of  Si3N4  laminates  formed  using  Ti,  Cr,  Mo,  and  Ta 
exhibited  flexure  strengths  which  varied  depending  on  which  metal  was  used.  Table  6.2 
shows  the  melting  temperatures  for  each  pure  metal  species  [87],  the  melting 
temperature  and  hardness  value  ranges  of  their  respective  intermetallic  silicide  ( MxSiy ) 
compounds  [130,  131],  and  the  flexure  strength  estimated  from  the  results  shown  in 
Figure  6.16  of  Si3N4  laminates  formed  using  each  type  of  metal.  The  results  shown  in 
Table  6.2  indicate  that  the  flexural  strength  of  the  Si3N4-metallic  laminates  generally 
increased  as  the  melting  temperature  of  the  metal  and  the  metal-silicides  increased.  It  is 
also  apparent  from  the  results  shown  in  Table  6.2  that  the  strength  of  the  laminates 
increased  with  increasing  hardness  of  the  metal-silicide  compounds. 

Figure  6.17  shows  flexure  strength  versus  cross-head  travel  displacement  curves 
obtained  during  flexure  tests  of  non-indented  laminate  specimens  and  an  indentation- 
strength  test  of  NBD-200  monolithic  silicon  nitride.  The  shape  of  each  flexure  curve  is 
representative  of  the  curves  generated  for  that  type  of  specimen.  The  area  under  the 
curve  is  proportional  to  the  toughness  by  work  of  fracture,  i.e.  the  amount  of  energy 
absorbed  during  the  fracture  process.  The  work  of  fracture  results  are  qualitative 
because  the  data  are  graphed  as  stress  versus  cross-head  displacement  rather  than  stress- 
strain.  The  two  types  of  fracture  processes  which  were  observed  in  the  flexure  strength- 
displacement  curves  were:  (1)  a fast-fracture  mechanism  whereby  the  crack  grows  to 
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Table  6.2.  Melting  points  of  pure  metals,  range  of  melting  points  and  hardness  values 
of  the  respective  metal-silicides,  and  the  strength  of  the  laminates  formed  using  each 
metal. 


Metal  Species  in 
Laminate 

Tmp  (°C)  of  Pure 
Metal 

T MP  (°C)  range 
of  MxSiy 

H y (GPa)  of 
MxSiy 

Laminate  oy 
(MPa) 

Ti 

1650“ 

1 480-2 130b>c 

618-1039b 

150 

Cr 

1875a 

1490-1770b,c 

996-1280b 

225 

Mo 

261 0a 

2020-2 180b’c 

1 168-13 12b 

475 

Ta 

3000a 

2200-25 1 0b’c 

1 200- 1 563b 

700-850 

“Value  reported  in  literature  [87]. 
b Values  reported  in  literature  [130]. 
cValues  reported  in  literature  [131]. 
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Si3N4-Ti 

Si3N4-Cr,  Strong  Interfaces 

Si3N4-Cr,  Weak  Interfaces 

Si3N4-Mo 

Si3N4-Ta,  4 Ta  Layers 

Si3N4-Ta,  2 Ta  Layers 

NBD-200  Monilithic  Si3N4 


Figure  6.17.  Flexure  strength  versus  displacement  curves  obtained  during  flexure  tests 
of  Si3N4-Ti  composites  (dotted  line),  Si3N4-Cr  composites  with  strong  interfaces  (short- 
dash  line),  Si3N4-Cr  composites  with  weak  interfaces  (long-dash  line),  Si3N4-Mo 
composites  (thin  solid  line),  Si3N4-Ta  composites  with  two  tantalum  layers  (dash- 
double-dot  line),  Si3N4-Ta  composites  with  four  tantalum  layers  (dash-dot  line),  and 
NBD-200  monolithic  silicon  nitride  (thick  solid  line). 
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critical  size  and  propagates  through  the  entire  cross-section  of  the  specimen  in  a single 
fracture  event  and  (2)  a stepwise,  controlled  failure  involving  crack  arrest  and 
reinitiation. 

The  fast-fracture  mechanism  is  indicated  by  a stress-displacement  curve  in 
which  the  stress  increases  with  constant  slope  until  the  fracture  event,  at  which  time  the 
stress  decreases  instantly  to  zero.  The  stepwise,  controlled  fracture  process  is  indicated 
by  a curve  with  several  steps  down  in  stress  after  the  initial  fracture  event,  each 
separated  by  regions  where  the  stress  remains  constant  or  increases,  until  complete 
failure  is  reached  when  fracture  occurs  through  the  final  layer  and  the  stress  reaches 
zero.  The  stepwise,  controlled  fracture  process  exhibits  high  toughness  by  work  of 
fracture,  i.e.  high  resistance  to  failure,  and  the  fast-fracture  mechanism  exhibits  low 
toughness  by  work  of  fracture,  i.e.  low  resistance  to  failure. 

The  stepwise  failure  process  is  a result  of  interface  delamination  and/or  ductile 
bridging  in  the  laminates,  whereby  the  fracture  process  occurs  by  (1)  crack  propagation 
through  the  outer  silicon  nitride  layer,  (2)  crack  arrest  at  the  ceramic-metal  interface,  (3) 
interface  delamination  and/or  ductile  bridging  by  the  metallic  layer,  and  (4)  crack 
reinitiation  in  a different  location  of  a subsequent  layer.  The  process  is  repeated  until 
cracks  have  propagated  through  all  layers.  This  process  causes  several  cracks  to 
propagate  and  leads  to  local  multiple  cracking  and  an  increase  in  the  energy  absorbed 
during  the  failure  process.  Here,  the  local  multiple  cracking  is  defined  as  the  creation  of 
several  cracks  which  propagate  in  different  directions  than  the  primary  crack,  e.g., 
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interface  cracking  parallel  to  the  layers  [45].  The  failure  process  described  above 
results  in  a damage  tolerant  material. 

It  is  apparent  from  the  curves  shown  in  Figure  6.17  that  the  controlled,  stepwise 
failure  process  occurred  in  the  Si3N4-Ta  composites  with  two  tantalum  layers  (dash- 
double-dot  line),  the  S^lSU-Ta  composites  with  four  tantalum  layers  (dash-dot  line),  and 
the  Si3N4-Cr  composites  with  weak  interfaces  (long-dash  line).  Fast  fracture  was 
exhibited  by  Si3N4-Mo  composites  (thin  solid  line),  ST^-Ti  composites  (dotted  line), 
Si3N4-Cr  composites  with  strong  interfaces  (short-dash  line),  and  NBD-200  monolithic 
silicon  nitride  (thick  solid  line).  The  greatest  toughness  by  work  of  fracture  was 
exhibited  by  the  Si3N4-Ta  composite  with  two  tantalum  layers,  with  the  next  greatest 
exhibited  by  the  Si3N4-Ta  composite  with  four  tantalum  layers. 

Figures  6.18  and  6.19  show  cross-sections  of  fractured  laminate  composites 
fabricated  for  this  study  which  exhibited  the  types  of  fracture  processes  illustrated  by 
the  strength  versus  displacement  curves  in  Figure  6.17.  Figure  6.18(a)  shows  the  cross- 
section  of  a fractured  Si3N4-Cr  laminate  with  weak  interfaces.  Both  the  silicon  nitride 
and  chromium  materials  are  behaving  in  a brittle  manner.  Because  the  chromium  is 
behaving  in  a brittle  manner,  there  is  no  toughness  increase  via  ductile  bridging. 
However,  toughness  is  being  increased  as  a result  of  crack  arrest,  interface 
delamination,  and  crack  reinitiation  processes,  which  are  evident  in  the  flexure  strength- 
displacement  curve  shown  in  Figure  6.17  (long-dash  line). 

Figure  6.18(b)  shows  the  cross-section  of  a fractured  Si3N4-Cr  laminate  with 
strong  interfaces.  Again,  both  the  silicon  nitride  and  chromium  materials  are  behaving 
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Figure  6.18.  Cross-sections  of  fractured  laminate  composites,  (a)  S^N^Cr  composite 
with  weak  interfaces  exhibiting  high  toughness  behavior,  and  (b)  Si3N4-Cr  composite 
with  strong  interfaces  exhibiting  low  toughness  behavior. 
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Figure  6.19.  Cross-sections  of  fractured  flexure  specimens,  (a)  NBD-200  monolithic 
silicon  nitride  exhibiting  fast-fracture,  i.e.  low  toughness  behavior,  and  (b)  S^N^Ta 
composite  exhibiting  high  toughness  behavior  resulting  from  multiple  cracking  and 
ductile  bridging  behavior. 
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in  a brittle  manner,  thus  there  is  no  toughness  increase  via  ductile  bridging.  The  strong 
interfaces  inhibit  the  interface  delamination  processes  which  occurred  in  the  S^N^Cr 
laminate  with  weak  interfaces.  Therefore,  toughness  is  not  being  increased  as  a result 
of  crack  arrest,  interface  delamination,  and  crack  reinitiation  processes.  Crack 
deflection  is  evident  in  the  fracture  process  of  the  S^N^Cr  composite  with  strong 
interfaces  shown  in  Figure  6. 1 8(b).  However,  the  crack  deflection  process  did  not  have 
a significant  effect  on  the  shape  of  the  flexure  strength-displacement  curve  shown  in 
Figure  6.17  (short-dash  line).  The  curve  for  the  Si3N4-Cr  composite  with  strong 
interfaces  does  not  show  the  increased  toughness  via  a controlled,  stepwise  failure 
process  as  was  exhibited  by  the  S^N^Cr  composite  with  weak  interfaces. 

Figure  6.19(a)  shows  the  cross-section  of  a fractured  NBD-200  monolithic 
silicon  nitride  specimen.  It  is  evident  that  NBD-200  behaves  as  most  monolithic 
ceramic  materials  in  fast  fracture  whereby  the  crack  propagates  immediately  through 
the  specimen.  There  is  no  toughness  increase  due  to  ductile  behavior  or  multiple 
cracking  behavior. 

Figure  6.19(b)  shows  the  cross-section  of  a fractured  S^N^Ta  laminate  formed 
with  three  silicon  nitride  layers  and  two  tantalum  layers.  A large  portion  of  the  outer 
silicon  nitride  layers  has  been  removed  during  the  fracture  process  by  interface 
delamination.  A portion  of  the  bottom  silicon  nitride  layer  remains  attached  to  the 
composite  on  the  bottom  left  region  of  the  composite.  The  center  region  was  a thick 
silicon  nitride  layer  prior  to  the  flexure  test.  Much  of  this  region  of  silicon  nitride  has 
also  been  lost  due  to  delamination  processes.  However,  some  silicon  nitride  pieces 
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which  were  removed  from  the  center  region  during  fracture  were  replaced  for 
observation  to  elucidate  the  laminate  structure  prior  to  failure.  The  two  thin  layers 
which  remain  in-tact  and  have  undergone  plastic  deformation  resulting  in  permanent 
curvature  are  the  tantalum  layers.  The  curvature  is  evidence  of  the  ductile  bridging 
behavior  which  the  tantalum  layers  provide  to  the  composite. 

Toughness  was  increased  in  the  S^N^Ta  composite  via  ductile  bridging  and 
crack  arrest,  interface  delamination,  and  crack  reinitiation  processes,  as  evident  by  the 
shape  of  the  flexure  strength-displacement  curves  (dash-dot  and  double-dash-dot  lines) 
shown  in  Figure  6.17  and  the  photomicrograph  shown  in  Figure  6.19(b).  Because  of  its 
superior  flexure  strength,  apparent  toughness  by  work  of  fracture,  and  damage  tolerance 
relative  to  the  other  types  of  composites  formed  for  this  study,  the  Si3N4-Ta  laminate 
was  chosen  for  further  study  and  comparison  with  NBD-200  monolithic  silicon  nitride. 
6.3.4  Indentation-strength  and  fracture  toughness 

Toughness,  R-curve  behavior,  and  the  influence  of  crack  size  on  flexure  strength 
of  Si3N4-Ta  composite  specimens  with  4 tantalum  layers  and  NBD-200  monolithic 
silicon  nitride  specimens  was  evaluated  via  indentation-strength  tests.  The  indentation- 
strength  tests  enabled  comparison  of  the  flexure  strength  of  the  Si3N4-Ta  laminate  and 
NBD-200  monolithic  silicon  nitride  without  the  effect  of  surface  finish  influencing  the 
results,  because  failure  is  initiated  at  the  crack  formed  by  the  indentation.  For  the 
indentation-strength  tests,  two  specimens  were  fractured  for  each  type  of  specimen  at 
each  of  three  indentation  loads.  For  the  following  data  plots  resulting  from  the 
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indentation-strength  tests,  each  data  point  represents  the  mean  value  of  the  two 
specimens,  and  the  error  bars  represent  the  standard  deviation. 

Figure  6.20  shows  a graph  of  average  flexure  strength  versus  indentation  load 
for  the  Si3N4-Ta  laminate  and  NBD-200  monolithic  silicon  nitride.  Both  axes  are 
plotted  on  a logarithmic  scale.  It  is  apparent  from  the  data  shown  in  Figure  6.20  that  the 
strength  of  the  S^N^Ta  composite  is  greater  than  that  of  NBD-200  for  a given 
indentation  load.  The  strength  of  NBD-200  decreased  with  increasing  indentation  load 
with  a slope  of  approximately  -1/3,  as  expected  from  a monolithic  ceramic  [110]. 
Unlike  monolithic  silicon  nitride,  the  strength  of  the  laminate  decreases  less  than  5% 
when  the  indentation  load  is  increased  from  13  to  133  N and  the  subsequent  crack  size 
increased  from  66  to  180  pm.  This  is  evidence  that  the  strength  of  the  laminate  is 
relatively  insensitive  to  flaw  size.  The  indentation-strength  tests  indicate  that  the  Si3N4- 
Ta  laminate  is  significantly  more  resistant  to  crack  propagation  than  monolithic  silicon 
nitride.  The  greater  resistance  to  crack  propagation  and  resulting  insensitivity  of 
strength  to  flaw  size  of  the  laminate  is  attributed  to  the  residual  compressive  stress  in 
the  outer  silicon  nitride  layers  and  crack  blunting  by  the  ductile  tantalum  layers  [45]. 

Fracture  toughness  of  Si3N4-Ta  laminate  and  NBD-200  monolithic  silicon 
nitride  specimens  was  evaluated  using  the  results  from  the  indentation-strength  tests  and 
flaw  size.  The  fracture  toughness  was  calculated  using  the  four  different  methods 
described  in  Section  6.2.3,  (1)  the  indentation-strength  technique  (equation  6.15),  (2) 
the  flaw  size  technique  (equations  6.16  and  6.17),  (3)  the  modified  indentation 
technique  (equation  6.18),  and  (4)  the  modified  flaw  size  technique  (equation  6.19). 


Average  Flexure  Strength,  a (MPa) 
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+ Si3N4-Ta  Composite  - Simple  Beam  Theory 
• NBD-200  Si3N4 

O Si3N4-Ta  Composite  - Laminate  Beam  Theory 


Figure  6.20.  Average  flexure  strength  versus  indentation  load  for  the  S^N^Ta  laminate 
and  NBD-200  monolithic  silicon  nitride.  Data  are  plotted  on  logarithmic  axes. 
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These  methods  are  hereafter  referred  to  by  their  acronym  abbreviations,  IS,  FS,  MI,  and 
MFS,  respectively. 

Table  6.2  shows  the  indentation  load,  flexure  strength,  and  fracture  toughness 
results  determined  using  the  four  different  methods  for  the  S^N^Ta  composite  and 
NBD-200  monolithic  silicon  nitride  specimens.  The  IS,  FS,  and  MFS  results  are  in 
relatively  good  agreement.  The  average  fracture  toughness  of  NBD-200  has  previously 
been  determined  to  be  between  5.5  and  6.5  GPa  [132],  and  the  results  from  the  IS,  FS 
and  MFS  techniques  are  in  relatively  good  agreement  with  those  results.  The  MI  results 
are  significantly  greater  than  the  results  from  the  other  three  techniques,  and  are  not  in 
agreement  with  the  previous  findings  for  NBD-200.  For  these  reasons,  the  IS,  FS  and 
MFS  results  are  evaluated  as  the  most  accurate  of  the  four  methods  for  determining 
fracture  toughness,  and  will  be  examined  further. 

Figure  6.21  shows  the  fracture  toughness  results  for  the  SfN^Ta  laminate  (open 
symbols)  and  NBD-200  monolithic  silicon  nitride  (closed  symbols)  determined  using 
the  IS  (circles),  FS  (squares),  and  MFS  (diamonds)  methods.  It  is  apparent  from  the 
results  shown  in  Figure  6.21  that  the  toughness  of  NBD-200  is  relatively  insensitive  to 
flaw  size.  However,  the  fracture  toughness  of  the  Si3N4-Ta  composite  increases  with 
increasing  flaw  size.  This  result  indicates  that  the  Sf^-Ta  composite  exhibits  R-curve 
behavior,  whereby  resistance  to  crack  growth  increases  as  crack  size  increases. 

The  FS  and  MFS  fracture  toughness  results  depicted  in  Figure  6.21  are  in  good 
agreement  with  one  another.  The  IS  results  are  greater  than  the  FS  and  MFS  results. 
The  difference  in  the  data  may  be  attributed  to  the  silicon  nitride  layers  being  in  a state 
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Table  6.2.  Fracture  toughness  of  Si3N4-Ta  composite  and  NBD-200. 


Specimen 

Number 

Indent  Load, 

P (N) 

Average 
Strength,  a 
(MPa) 

Average 
aKIC  (IS), 
(MPa-m1/2) 

Average 
bKIC  (FS), 
(MPa-ml/2) 

Average 
CKIC  (MI), 
(MPa-ml/2) 

Average 
dKlc  (MFS), 
(MPa-m1/2) 

NBD200 

13.3 

427 

5.0 

5.4 

7.1 

4.7  i 

NBD200 

48.9 

302 

5.3 

5.7 

7.5 

5.0 

NBD200 

133.4 

223 

5.4 

5.3 

7.4 

4.8 

Si3N4-Ta 

13.3 

651 

6.7 

7.5 

10.7 

6.9 

✓ 

Si3N4-Ta 

48.9 

625 

9.0 

7.6 

13.3 

7.7 

Si3N4-Ta 

133.4 

613 

11.4 

9.7 

16.6 

9.6 

determined  using  equation  6.15. 

b 

Determined  using  equations  6.16  and  6.17. 


determined  using  equation  6.18. 
determined  using  equation  6.19. 
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O Si3N4-Ta  (IS) 

□ Si3N4-Ta  (FS) 

O Si3N4-Ta  (MFS) 

• NBD-200  (IS) 

■ NBD-200  (FS) 

♦ NBD-200  (MFS) 


Designation  for  Indentation  Load 
(1=13.3  N,  2=48.9  N,  3=133.4  N) 


Figure  6.21.  Fracture  toughness  results  for  the  S^N^Ta  laminate  (open  symbols)  and 
NBD-200  monolithic  silicon  nitride  (closed  symbols)  determined  using  the  IS  (circles), 
FS  (squares),  and  MFS  (diamonds)  methods. 


156 


of  residual  compressive  stress.  The  residual  compressive  stress  in  the  silicon  nitride 
layer  causes  the  indentation  load  to  induce  a smaller  crack  than  the  same  indentation 
load  does  in  the  monolithic  silicon  nitride.  The  difference  is  evident  in  Figure  6.22, 
which  shows  a plot  of  radial  surface  trace  crack  size  versus  indentation  load  on 
logarithmic  axes  for  the  SfNzt-Ta  composite  (open  diamonds)  and  NBD-200  monolithic 
silicon  nitride  (closed  circles).  In  order  to  produce  a crack  in  the  silicon  nitride  layer  of 
the  composite,  the  stress  from  the  applied  indentation  load  must  first  exceed  the  residual 
compressive  stress  in  the  lattice.  Once  the  applied  stress  exceeds  the  residual 
compressive  stress,  the  resultant  stress  will  be  tensile.  When  the  tensile  stress  on  a 
crack  of  a given  size  reaches  a critical  value,  cracking  may  begin.  This  causes  the 
indentation  load  to  induce  a smaller  crack  than  it  would  if  there  was  no  residual  stress 
present  in  the  lattice. 

Figure  6.22  shows  that  as  the  indentation  load  is  increased,  the  R-curve  behavior 
of  the  laminate  results  in  a smaller  crack  being  produced  by  a given  indentation  load  on 
the  laminate  surface  relative  to  the  NBD-200  surface.  The  R-curve  behavior  exhibited 
by  the  laminate  increases  fracture  toughness  as  damage  occurs,  thereby  increasing 
damage  tolerance  of  the  composite  relative  to  NBD-200  monolithic  silicon  nitride, 
which  shows  no  R-curve  behavior.  The  ductile  bridging,  crack  arrest,  delamination,  and 
crack  reinitiation  processes  which  occur  during  fracture  result  in  an  additional  increase 
in  toughness  and  damage  tolerance  of  the  laminate  composite.  The  mechanical 
behavior  exhibited  by  the  S^N^Ta  laminate  composite  is  a significant  improvement  in 


toughness  and  damage  tolerance  relative  to  NBD-200  monolithic  silicon  nitride. 


Average  Crack  Size,  c (pm) 
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Figure  6.22.  Crack  size  versus  indentation  load  results  for  the  Si3N4-Ta  composite 
(open  diamonds)  and  NBD-200  monolithic  silicon  nitride  (closed  circles).  Data  plotted 
on  logarithmic  axes. 
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6.3.5  Fractography 

Figure  6.23  shows  an  SEM  image  of  an  indenter-induced  flaw  on  the  fracture 
surface  of  a S^N^Ta  laminate.  The  flaw  was  imparted  via  a Vickers  indentation  tip 
under  an  applied  load  of  133.4  N,  and  the  specimen  was  subsequently  fractured  in  4- 
point  flexure.  The  semi-elliptical  shape  of  the  flaw  is  evident,  the  outer  edge  of  which 
is  indicated  by  arrows.  The  average  a/b  ratio  for  SEN^Ta  laminate  specimens  which 
were  fractured  in  the  indentation-strength  tests  was  0.38. 

Figure  6.24  shows  an  SEM  image  of  an  indenter-induced  flaw  on  the  fracture 
surface  of  an  NBD-200  monolithic  silicon  nitride  specimen.  The  flaw  was  imparted  via 
a Vickers  indentation  tip  under  an  applied  load  of  133.4  N,  and  the  specimen  was 
subsequently  fractured  in  4-point  flexure.  Similar  to  the  flaw  shape  evident  on  the 
Si3N4-Ta  laminate  fracture  surface  presented  in  Figure  6.23,  the  indenter-induced  flaw 
in  NBD-200  exhibits  a semi-elliptical  shape,  the  outer  edge  of  which  is  indicated  by 
arrows.  The  average  a/b  ratio  for  SE^-Ta  laminate  specimens  which  were  fractured  in 
the  indentation-strength  tests  was  0.51. 

The  lesser  flaw  size  imparted  to  the  silicon  nitride  layer  in  the  laminate  relative 
to  the  NBD-200  which  was  illustrated  in  Figure  6.22  is  confirmed  by  comparison  of  the 
fracture  surfaces  shown  in  Figures  6.23  and  6.24.  The  lesser  value  of  the  a/b  ratio  for 
the  laminate  indicates  that  the  asymmetry  of  the  elliptical  shape  of  the  flaw  is  greater 
for  the  laminate.  The  exaggerated  ellipticity  of  the  flaw  shape  of  exhibited  by  Sys^-Ta 
laminate  relative  to  monolithic  silicon  nitride  is  likely  a result  of  the  in-plane  residual 
compressive  stress  state  which  the  silicon  nitride  layers  are  under  in  the  laminate.  The 
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Figure  6.23.  SEM  image  of  an  indenter-induced  flaw  on  the  fracture  surface  of  a Si3N4- 
Ta  laminate  specimen.  The  flaw  was  imparted  via  a Vickers  indentation  tip  under  an 
applied  load  of  133.4  N,  and  the  specimen  was  subsequently  fractured  in  4-point 
flexure.  The  semi-elliptical  shape  of  the  flaw  is  evident,  the  outer  edge  of  which  is 
indicated  by  arrows. 
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Figure  6.24.  SEM  image  of  an  indenter-induced  flaw  on  the  fracture  surface  of  an 
NBD-200  monolithic  silicon  nitride  flexure  specimen.  The  flaw  was  imparted  via  a 
Vickers  indentation  tip  under  an  applied  load  of  133.4  N,  and  the  specimen  was 
subsequently  fractured  in  4-point  flexure.  The  semi-elliptical  shape  of  the  flaw  is 
evident,  the  outer  edge  of  which  is  indicated  by  arrows. 


161 


asymmetrical  nature  of  the  radial  crack  pattern  about  a Vickers  indentation  placed  on 
the  cross-section  of  the  laminate  relative  to  the  symmetrical  nature  of  the  radial  crack 
pattern  about  a Vickers  indentation  placed  on  the  tensile  silicon  nitride  surface  of  the 
laminate,  described  in  Section  6.3.2,  is  evidence  of  directional  nature  of  the  effect  of  the 
in-plane  compressive  residual  stress  on  the  properties  and  fracture  behavior  of  the 
Si3N4-Ta  laminate.  The  in-plane  nature  of  the  stress  field  which  the  silicon  nitride  layer 
is  under  in  the  laminate  is  the  reason  for  the  lesser  degree  of  crack  propagation  in  the 
direction  perpendicular  to  that  of  the  in-plane  residual  stress  field  (the  a direction), 
relative  to  the  degree  of  crack  propagation  in  the  direction  parallel  to  that  of  the  in-plane 
residual  stress  field  (the  b direction).  Thus,  the  in-plane  residual  compressive  stress 
field  which  the  silicon  nitride  is  under  in  the  laminate  is  responsible  for  the  decrease  in 
a/b  ratio  for  the  laminate  relative  to  the  monolithic  silicon  nitride. 

Figure  6.25  shows  the  fracture  surface  of  a chromium  layer  within  a Si3N4-Cr 
laminate.  The  principal  mode  of  failure  of  the  chromium  layer  is  transgranular  fracture, 
i.e.  cleavage,  mechanism.  The  transgranular  fracture  mechanism  involves  fracture 
through  the  grains  of  the  material,  rather  than  along  grain  boundaries.  The  twist  hackle 
steps  which  are  evident  on  the  surface  of  the  fractured  grains  are  caused  by  cleavage 
mismatches  at  grain  boundaries  [119].  Figure  6.26  shows  the  fracture  surface  of  a 


tantalum  layer  in  a Sb^-Ta  laminate.  The  principal  mode  of  failure  of  the  tantalum 
layer  is  transgranular  fracture.  Similar  to  the  markings  on  the  chromium  fracture 
surface,  twist  hackle  marks  are  evident  on  the  surfaces  of  fractured  tantalum  grains. 
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Figure  6.25.  Fracture  surface  of  the  chromium  layer  of  a Si3N4-Cr  laminate.  The 
principal  mode  of  failure  of  the  chromium  layer  is  transgranular  fracture. 
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Figure  6.26.  Fracture  surface  of  the  tantalum  layer  of  a S^N/j-Ta  laminate.  The 
principal  mode  of  failure  of  the  tantalum  layer  is  transgranular  fracture. 
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6.3.6  Mechanical  behavior  models 

You  may  recall  that  in  Chapter  2,  a summary  of  the  models  describing  typical 
mechanical  behavior  of  non-transformation  toughened  laminates  based  on  structure  and 
composition  was  presented.  This  summary  is  presented  again  in  Figure  6.27  to 
facilitate  comparison  between  the  failure  behavior  observed  for  the  Si3N4-metallic 
laminates  and  the  models  discussed  in  Chapter  2.  Figure  6.27  shows  typical  mechanical 
behavior  in  4-point  bending  in  cross-section  view.  In  addition,  a list  of  the  toughening 
mechanisms  and  the  shape  of  a typical  stress-strain  curve  which  may  occur  during 
failure  of  each  type  of  laminate  are  shown. 

The  appearance  of  the  cross-section  surface  of  the  fractured  Si3N4-Cr  laminate 
specimen  shown  in  Figure  6.18(a)  has  features  similar  to  those  of  a brittle-brittle 
laminate  with  weak  interfaces  shown  in  Figure  6.27.  It  is  apparent  that  the  crack  which 
initiated  at  the  tensile  surface  was  arrested  at  the  second  interface,  followed  by  crack 
propagation  along  the  interface  (delamination),  and  then  a crack  was  reinitiated  in  the 
second  silicon  nitride  layer.  The  step-wise  failure  shape  of  the  stress-displacement 
curve  for  the  Si3N4-Cr  laminate  with  weak  interfaces  shown  in  Figure  6.17  is  similar  to 
that  shown  for  brittle-brittle  laminates  with  weak  interfaces  in  Figure  6.27.  The 
experimental  observations  indicate  that  the  Si3N4-Cr  laminates  with  thin  interface 
regions  exhibited  mechanical  behavior  similar  to  the  model  shown  in  Figure  6.27  for 
brittle-brittle  composites  with  weak  interfaces  [23,  37,  61-65]. 

The  cross-section  view  of  the  fractured  Si3N4-Cr  laminate  with  thick  interface 
regions  shown  in  Figure  6.18(b)  shows  features  similar  to  those  shown  in  Figure  6.27 
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Figure  6.27.  Summary  of  the  mechanical  behavior  of  non-transformation  toughened  laminates  based  on  the  structure  of  the 
laminate.  Typical  mechanical  behavior  and  shapes  of  stress/strain  curves  are  indicated  under  each  diagram.  For  comparison  of 
properties,  the  residual  stress  field  is  considered  to  be  constant  among  the  models. 
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for  a brittle-brittle  laminate  with  strong  interfaces.  While  the  critical  crack  was 
deflected  at  S^N^Cr  interfaces,  it  was  not  arrested  and  there  was  no  propagation  along 
the  interface.  The  shape  of  the  stress-displacement  curve  for  the  Sf^-Cr  laminate  with 
thick  interfaces  shown  in  Figure  6.17  is  similar  to  that  shown  in  Figure  6.27  for  a 
brittle-brittle  laminate  with  strong  interfaces.  In  both  cases,  the  stress  increases  at 
constant  slope  until  failure,  at  which  time  the  stress  drops  to  zero.  This  type  of  laminate 
does  not  exhibit  a significant  toughness  increase  relative  to  a monolithic  ceramic.  The 
experimental  observations  suggest  that  the  Si3N4-Cr  laminates  with  thick  interface 
regions  showed  mechanical  behavior  similar  to  the  model  shown  in  Figure  6.27  for 
brittle-brittle  composites  with  strong  interfaces  [23,  58,  59,  65],  The  S^N^Ti  and 
Si3N4-Mo  laminates  showed  behavior  similar  to  the  Si3N4-Cr  laminates  with  strong 
interfaces. 

The  appearance  of  the  fractured  cross-section  of  the  Si3N4-Ta  laminate  shown  in 
Figure  6.19(b)  suggests  that  the  failure  behavior  of  Si3N4-Ta  laminate  is  similar  to  that 
shown  in  Figure  6.27  for  a brittle-ductile  laminate  with  weak  interfaces.  The  tantalum 
layers  remain  intact  and  have  deformed  plastically  to  a curved  shape.  The  silicon 
nitride  layers  have  fractured  and  delaminated  from  the  tantalum  layers,  similar  to  the 
schematic  cross-section  shown  in  Figure  6.27.  The  laminate  shows  evidence  of  crack 
arrest,  ductile  bridging  and  ductile  yielding  without  failure  of  the  tantalum  layer,  and 
crack  reinitiation  in  the  center  silicon  nitride  region.  The  shape  of  the  stress- 
displacement  curve  for  the  Si3N4-Ta  laminate  with  two  tantalum  layers  shown  in  Figure 
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6.17  is  similar  to  that  shown  in  Figure  6.27  for  a brittle-ductile  laminate  with  weak 
interfaces  [65]. 

The  shape  of  the  stress-displacement  curve  for  the  S^N^Ta  laminate  with  four 
tantalum  layers  shown  in  Figure  6.17  more  closely  resembles  that  shown  in  Figure  6.27 
for  a brittle-ductile  laminate  with  strong  interfaces.  However,  interface  delamination 
occurred  during  failure  of  the  Si3N4-Ta  laminate  with  four  tantalum  layers,  suggesting 
that  the  interfaces  are  weak.  The  change  in  the  stress-displacement  curve  may  be  due  to 
the  increased  rigidity  in  the  four-tantalum  layer  laminate.  Once  the  crack  transverses 
the  central  silicon  nitride  region  in  the  two-tantalum  layer  laminate,  an  excessive  degree 
of  elastic/plastic  deformation  occurs  in  the  one  remaining  tantalum  layer,  leading  to 
increased  deformation.  After  the  crack  transverses  the  second  silicon  nitride  layer  in  the 
four  tantalum  layer  laminate,  the  remaining  silicon  nitride  layers  (separated  by  tantalum 
layers)  are  capable  of  supporting  load.  This  layered  structure  results  in  less  deformation 
during  failure,  and  is  likely  the  cause  of  the  decreased  displacement  during  failure.  The 
experimental  observations  suggest  that  the  Si3N4-Ta  laminates  with  thin  interface 
regions  exhibited  mechanical  behavior  similar  to  the  model  shown  in  Figure  6.27  for 
brittle-ductile  composites  with  weak  interfaces  [65]. 

The  yield  stress  of  the  chromium  and  tantalum  layers  in  laminates  were 
estimated  to  be  ~6  GPa  and  ~2  GPa,  respectively.  Since  plastic  deformation  of  a ductile 
material  occurs  when  an  applied  stress  exceeds  the  yield  stress  of  the  material,  during 
fracture  plastic  flow  will  occur  when  the  concentrated  stress  at  a crack  tip  in  a ductile 
material  exceeds  the  yield  stress  of  the  material  [88].  Therefore,  the  greater  yield  stress 
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of  chromium  in  the  S^N^Cr  laminates  relative  to  that  of  the  tantalum  in  the  S^N^Ta 
laminates  indicates  that  the  S^lSLt-Ta  laminates  should  exhibit  more  ductility  than  the 
SiaN4-Cr  laminates.  Indeed,  experimental  observations  showed  that  the  S^N^Ta 
laminates  showed  behavior  typical  of  brittle-ductile  laminates  and  the  behavior  S^N^ 
Cr  laminates  was  similar  to  that  of  brittle-brittle  laminates. 

6.4  Summary 

The  mechanical  behavior  of  Si3N4-metallic  laminates  was  investigated  and  the 
observations  related  to  existing  models  for  the  failure  behavior  of  non-transformation 
toughened  laminates  in  bending.  The  Si3N4-Ta  laminates  exhibited  mechanical 
properties  superior  to  laminates  formed  for  this  study  using  chromium,  titanium  and 
molybdenum.  The  Si3N4-Ta  laminates  showed  greater  strength  and  fracture  toughness 
than  NBD-200  monolithic  silicon  nitride.  Unlike  NBD-200  monolithic  silicon  nitride, 
the  strength  of  Si3N4-Ta  laminates  is  insensitive  to  flaw  size,  and  the  laminate  shows  R- 
curve  behavior.  The  Si3N4-Ta  laminate  composite  exhibits  toughness  and  damage 
tolerance  behavior  which  is  superior  to  monolithic  silicon  nitride,  and  the  Si3N4-Ta 
laminate  fails  in  a non-catastrophic  manner.  The  Si3N4-Ta  laminate  exhibits  high- 
reliability  relative  to  the  monolithic  silicon  nitride,  while  maintaining  the  advantages  of 


the  high  hardness  and  chemical  stability  that  silicon  nitride  offers  on  the  laminate 


surfaces. 


CHAPTER  7 

CONCLUSIONS  AND  SUGGESTIONS  FOR  FUTURE  WORK 

7.1  Conclusions 

The  primary  goal  of  the  research  was  to  demonstrate  that  the  addition  of  metallic 
layers  to  silicon  nitride  will  increase  the  strength  and  toughness  relative  to  that  of 
monolithic  silicon  nitride.  It  is  possible  to  form  Si3N4-metallic  multilayer  composites 
by  tape  casting  silicon  nitride  layers  and  hot-pressing  with  either  tape  cast  metal  layers 
or  metal  foil.  However,  complications  arise  when  co-processing  metallic  materials  with 
a high-temperature  ceramic  such  as  silicon  nitride.  At  the  high  temperatures  required  to 
densify  the  silicon  nitride  [133-135],  many  of  the  metallic  materials  have  a propensity 
to  form  intermetallic  silicides  and  nitrides  [129-131].  In  addition  to  their  poor 
mechanical  properties,  many  intermetallic  compounds  typically  have  lower  melting 
temperatures  than  the  pure  metal  from  which  they  are  formed,  which  can  result  in 
melting  during  hot-pressing  [129-131].  Further  complicating  the  process  is  the 
preference  to  densify  silicon  nitride  under  pressure  of  nitrogen  gas  to  limit 
decomposition  of  silicon  nitride,  because  it  is  inherently  unstable  at  its  required 
sintering  temperature  [133-138]. 

A co-processing  scheme  was  formulated  which  enabled  the  successful 
fabrication  of  S^N/t-metallic  laminate  composites  using  chromium,  titanium  (Ti  6A1 
4V),  molybdenum,  or  tantalum  as  the  metallic  layer.  Laminates  formed  using 
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chromium  and  titanium  formed  excessive  reaction  regions  which  were  detrimental  to 
their  mechanical  properties.  Laminates  formed  using  molybdenum  and  tantalum  did  not 
form  excessive  reaction  regions,  and  displayed  greater  strengths  than  the  laminates 
formed  using  chromium  and  titanium.  While  the  SLN^Mo  laminates  exhibited  high 
strength,  they  showed  catastrophic  failure  behavior.  Laminates  formed  using  tantalum 
exhibited  high  toughness  and  damage  tolerance. 

The  thickness  of  the  interlayer  region  of  Si3N4-Cr  laminates  was  varied  to 
evaluate  the  effect  on  mechanical  behavior.  The  interface  behavior  was  successfully 
varied  from  “weak”  interface  behavior  to  “strong”  interface  behavior  by  varying  the 
interlayer  thickness  from  thin  to  thick,  respectively.  “Weak”  interface  behavior  was 
identified  by  the  propensity  for  cracks  to  propagate  along  the  interface,  i.e.  delamination 
behavior.  Interface  behavior  was  deemed  “strong”  if  cracks  did  not  propagate  along  the 
interfaces.  The  ability  to  change  the  interface  behavior  during  failure  by  changing  the 
thickness  of  the  interlayer  tape  enables  laminate  properties  to  be  tailored  to  the 
requirements  of  a specific  application.  Laminate  strength  and  toughness  properties  are 
inversely  proportional  in  relation  to  the  strength  of  the  interface.  As  the  interface 
strength  increases,  the  strength  of  the  laminate  increases,  and  the  toughness  decreases. 
As  the  interface  strength  decreases,  it  produces  the  opposite  effect  on  strength  and 
toughness. 

Since  the  chromium  exhibited  brittle  behavior,  forming  SfN^Cr  laminates  with 
either  thin  or  thick  interfaces  enabled  investigation  of  the  properties  of  brittle-brittle 
laminates  with  weak  or  strong  interface  regions.  The  SfjN^Cr  laminates  with  weak 
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interfaces  showed  evidence  of  crack  arrest,  delamination,  and  crack  reinitiation 
processes  during  fracture  in  bending.  The  Si3N4-Cr  laminates  with  strong  interfaces 
showed  evidence  of  crack  deflection.  As  expected,  the  laminate  with  strong  interfaces 
showed  no  toughening  behavior  due  to  crack  arrest,  delamination,  or  reinitiation 
behavior  when  fractured  in  bending.  The  appearance  of  cross-section  views  of 
fractured  Si3N4-Cr  specimens  with  thin  and  thick  interfaces  and  their  corresponding 
stress-displacement  curves  were  in  agreement  with  existing  models  describing  the 
mechanical  behavior  of  non-transformation  toughened  laminates  of  their  respective 
type. 

Forming  S^N/t-Ta  composites  using  tantalum  foil  enabled  investigation  of  the 
properties  of  brittle-ductile  laminates  with  weak  interfaces.  The  weak  interfaces 
resulted  from  the  absence  of  a mixed-powder  interlayer  and  the  limited  reaction 
between  silicon  nitride  and  tantalum.  When  loaded  to  failure  in  bending,  the  Si3N4-Ta 
laminates  exhibited  crack  arrest,  delamination,  and  crack  reinitiation  behavior.  In 
addition,  they  showed  extensive  ductile  bridging  and  ductile  yielding  behavior  as  the 
tantalum  layers  occasionally  remained  plastically  deformed,  but  intact,  following 
complete  failure  of  the  silicon  nitride  layers.  The  Si3N4-Ta  laminates  exhibited  failure 
behavior  and  stress-displacement  curves  consistent  with  existing  models  for  the 
mechanical  behavior  of  brittle-ductile  laminates. 

Si3N4-Ta  laminates  exhibited  mechanical  properties  superior  to  the  other  Si3N4- 
metallic  composites  fabricated  for  this  study.  In  addition,  the  properties  of  Si3N4-Ta 
laminates  were  superior  to  NBD-200  monolithic  silicon  nitride.  The  flexure  strength 
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and  fracture  toughness  of  the  Si3N4-Ta  laminate  was  greater  relative  to  the  other 
laminates  and  NBD-200.  The  strength  of  the  laminate  was  insensitive  to  flaw  size, 
representing  a significant  improvement  in  damage  tolerance  relative  to  monolithic 
silicon  nitride.  The  Si3N4-Ta  laminate  exhibited  increasing  fracture  toughness  with 
increasing  flaw  size,  i.e.  R-curve  type  behavior.  NBD-200  did  not  exhibit  R-curve 
behavior. 

Experimental  observation  and  strength-displacement  graphs  show  that  the  Si3N4- 
Ta  laminate  fails  in  a controlled,  stepwise  fracture  process,  absorbing  a great  amount  of 
energy  prior  to  complete  failure.  The  energy  absorption  processes  increase  the 
toughness  and  damage  tolerance  relative  to  NBD-200  monolithic  silicon  nitride.  Like 
most  monolithic  ceramics,  NBD-200  fails  by  catastrophic  fast- fracture.  The  controlled, 
non-catastrophic  failure  behavior,  high  toughness,  and  damage  tolerant  behavior 
exhibited  by  the  Si3N4-Ta  laminate  result  in  a silicon  nitride  composite  with  high- 
reliability. 

The  formation  of  a Si3N4-Ta  laminate  results  in  a composite  material  which 
shows  significant  improvement  in  toughness  and  damage  tolerance  relative  to 
monolithic  silicon  nitride.  The  Si3N4-Ta  laminate  would  enable  silicon  nitride  to  be 
used  in  applications  which  require  improved  toughness,  damage  tolerance  and  non- 
catastrophic  failure  behavior  relative  to  that  offered  by  conventional  monolithic  silicon 


nitride  materials. 
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7.2  Suggestions  for  Future  Work 

The  current  research  demonstrates  the  feasibility  of  forming  Si3N4-Ta  laminates 
which  exhibit  high  mechanical  reliability.  However,  optimization  of  the  process  will 
likely  produce  S^N^Ta  laminates  with  greater  strength  and  toughness  than  the  first 
generation.  S^N/t-Ta  laminates  should  be  formed  using  silicon  nitride  tapes,  tantalum 
tapes,  and  interlayer  tapes  of  mixed  silicon  nitride  and  tantalum  powders.  By 
processing  laminates  using  tape  cast  layers,  the  thickness  and  the  morphology  of  the 
interface  region  could  be  varied.  Using  samples  with  different  interlayer  properties,  the 
results  of  the  differences  in  interface  chemistry,  morphology  and  thickness  on 
mechanical  behavior  could  be  investigated.  Based  on  the  results  presented  in  this 
research  obtained  by  varying  the  interface  properties  of  Si3N4-Cr  laminates  and 
investigating  mechanical  properties,  it  should  be  possible  to  vary  the  mechanical 
properties  of  Si3N4-Ta  laminates,  such  as  strength  and  toughness,  by  varying  the 
properties  of  the  interlayer  region. 

The  effect  of  interlayer  properties  on  cyclic  contact  fatigue  behavior  should  be 
investigated.  The  investigation  of  the  relationship  between  interface  properties  and 
contact  fatigue  behavior  would  add  to  our  knowledge  of  cyclic  contact  fatigue  behavior 
of  multilayer  systems  and  evaluate  the  feasibility  of  employing  the  S^lSLt-Ta  laminate  as 
a bearing  raceway  material.  Knowledge  of  the  behavior  of  Si3N4-Ta  laminates  relative 
to  interlayer  strength  would  enable  tailoring  of  the  laminate  properties  to  a desired 
application. 
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